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ABSTRACT 
The aim of this research project was to obtain a deep and quantified 
understanding of the effects of chemical composition and heat treatment on 
the microstructures of Grade 92 parent metals, and in turn, their 
corresponding creep behaviour. Comprehensive microstructural 
characterisation on the virgin and creep-tested samples was carried out in this 
study to give valid and reliable data in order to correlate the microstructural 
changes with creep behaviour, which can provide steel manufacturers with 
useful information to optimise the manufacturing route for fabrication. 
Predicted long term creep behaviour based on the numerical extrapolations of 
short term data has been shown to be overestimated due to series of 
microstructural degradations. In particular, creep cavitation, which is equally 
important compared to other microstructural degradation mechanisms during 
creep exposure, was investigated by using a wide range of complementary 
microscopy techniques including field emission gun scanning electron 
microscopy (FEG-SEM), transmission electron microscopy (TEM) on focused 
ion beam (FIB) prepared thin foil lift-out samples with energy dispersive X-ray 
spectroscopy (EDS), dual beam serial sectioning with post image 3D 
reconstruction on the cavities and particles, and combined in-lens SEM 
examination and EDS analysis. BN, MnS and Al2O3 inclusion particles were 
observed to be the preferential cavity nucleation sites. Within these three 
types of inclusion particles, BN was the most frequent particle observed to be 
associated with cavities.  
Creep rupture ductility was investigated by comparing samples manufactured 
by different production methods. The quantitative characterisation of creep 
cavities and BN particles was carried out by analysing electron micrographs 
obtained in SEM backscattered mode and in-lens mode respectively. Other 
microstructural features were also characterised using various advanced 
techniques. It was found that the BN characteristics have a strong influence 
on the cavity nucleation and distribution, which is highly relevant to the creep 
rupture ductility. In addition, the results suggested that different initial 
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production methods and heat treatments can result in significantly different 
BN characteristics and in turn affect the creep cavitation and rupture ductility. 
A detailed comparison of the microstructures of Grade 92 steels provided by 
three different suppliers was conducted. Thermodynamic simulations were 
performed to predict the possible phases present in the steels. The 
microstructural features were characterised by using advanced microscopy 
techniques. The results indicated that fabrication route can strongly influence 
the microstructural homogeneity and inclusion distributions, which can 
significantly affect the creep performance of the steels. Electron backscatter 
diffraction (EBSD) investigation of specially designed notched bar samples, 
which provided the unfailed notch area to analyse, showed that the failure of 
Grade 92 steels is both intergranular and intragranular. This ruled out the 
possibility of grain boundary embrittlement in the case of low ductility failure.  
The effect of the presence of BN on the microstructural evolution, especially 
the second phase particles MX and M23C6 was studied by designing and 
applying re-heat treatment to the virgin base metals. It was found that the 
dissolution temperature of BN falls into the temperature range of 1100 to 
1125oC. It was also found that the re-heat treatment process can in turn 
significantly increase the precipitation of VN-type MX particles and improve 
the stability of M23C6 precipitates during isothermal ageing. 
These results have important implications for the useful service life in relation 
to subtle changes in the chemical composition of these types of complex 
power generation steels. 
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CHAPTER 1 INTRODUCTION 
 
1.1 Background to the Project 
In CSEF (creep strength enhanced ferritic) steels, control of both composition 
and heat treatment of parent metals is necessary to avoid producing 
components which have creep strengths below the minimum expected by 
applicable ASME and other International Codes (Abe, 2001; Bhadeshia, 2001; 
Ennis and Czyrska-Filemonowicz, 2003; Hald, 2004). Published information 
on Grade 92 steels indicates that the scatter in creep data with stress and 
temperature is typical for CSEF steels. Grade 92 steels are widely used in 
fossil fired power plant applications such as steam pipes, headers and tubes 
because of the combination of good properties including high thermal 
conductivity, low thermal expansion coefficient, low susceptibility to thermal 
fatigue, good corrosion and oxidation resistance (Masuyama, 2001; 
Bhadeshia, 2001). These properties derive from the microstructure, which, 
when properly processed, contains a tempered martensitic matrix containing a 
substructure with a high dislocation density and a fine dispersion of second 
phase precipitates.  
Design of CSEF components, including G92 steels, operating at high 
temperatures in fossil fired power plants requires creep data for long term 
exposure. The stress level corresponding to a lifetime of 105 h (~12 years) is 
generally used as the allowable stress which, however, leads to the practical 
difficulty of obtaining experimental creep data for such a long period of testing 
time. Therefore numerical extrapolations based on short term creep data are 
used to predict long term creep behaviour. It has been observed and reported 
in the literature that the long term performance and creep rupture strength is 
below that predicted from a simple extrapolation of the short term creep data 
(Abe, 2004). The overestimation is often explained by microstructural 
degradation during service in which the materials undergo long term creep 
exposure at elevated temperatures. A number of microstructural degradation 
mechanisms have been identified which are thought to be responsible for the 
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loss of long term creep strength. These include: the precipitation of new 
phases (e.g. Laves and Z phases); the dissolution of fine M2X and MX 
carbonitrides; the recovery of the dislocation substructure; and the 
development of creep voids in the microstructure (Danielsen and Hald, 2006; 
Kimura, Kushima and Sawada, 2003; Cipolla et al., 2010; Panait et al., 2009).  
In laboratory tests, some parent metal samples failed with very low ductility 
(Parker, 2013). In short term tests the samples fail with high ductility due to 
local deformation and ‘necking’, whereas even after long durations, some high 
ductility type failures are reported. However, there is a tendency for some 
tests to fail in a brittle manner as creep lives increase. Figure 1.1 shows the 
variation of the reduction of area at fracture after creep testing at 600oC for 
three typical CSEF steels. It can be seen that there is a very large variation in 
fracture behaviour in tests greater than 105 h for all three types of steels. This 
is clearly crucial because 600oC is a typical service temperature for these 
steels. In the development of steel P92, a target was set for the minimum 
reduction of area to be at least 40% at 105 h and 600oC.   
It is apparent that in steels with a typical martensitic microstructure, damage 
representative of long term service will involve initiation and growth of creep 
cavities. The phenomenon of low ductility fracture in long term tests is always 
associated with significant densities of creep cavities. Nucleation, growth and 
inter linkage of cavities can result in a significant loss of creep ductility. As a 
part of microstructural evolution and degradation, the details of factors 
affecting the nucleation and growth of the creep cavities are not fully 
established. Additionally the details of damage development with life fraction 
are not fully understood. In addition, it is noteworthy that typical alloy 
compositions for these steels usually do not include recommendations for 
limits on trace elements even though it is possible that these elements lead to 
embrittlement in low alloy steels.  
The current project focuses on the aforementioned aspects of G92 parent 
steels. This research was funded by the Electric Power Research Institute 
(EPRI), USA as part of a larger collaborative research programme on the life 
management of CSEF steels. The project is entitled ‘Life Management of 
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Grade 92 Steel Boiler and Piping Components’. The present study involves a 
number of industrial partners who have provided virgin steels and creep 
tested samples. Carefully selected G92 samples from different manufacturers 
from America, Europe, and Asia were systematically investigated using 
advanced characterisation techniques. Key parameters such as chemical 
compositions and heat treatments which can significantly affect creep 
behaviour were taken into careful consideration when selecting samples. It is 
also noted that the steel fabrication method can alter the microstructure 
which, as a consequence, changes the susceptibility for brittle creep 
behaviour. Therefore the creep samples were selected from real power plant 
pipes manufactured by different methods including hot extrusion, press 
drawing, and pierce and pilger rolling process. Additionally, a carefully cast 
‘clean’ steel was included in the research for the purpose of comparison with 
real power plant steels. A detailed description of the samples will be 
presented in Chapter 3. 
 
Figure 1.1 Relationships between reduction in area and creep life for steel grades P91, 
E911 and P92 tested at 600oC (Cipolla et al., 2007). 
 
1.2 Objectives of the Project 
The overall objective of the project is to gain a deep understanding of how the 
composition and heat treatment of Grade 92 steel parent metal affects 
microstructure, creep strength and ductility. As a result, the current research 
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project has focused on experimentally characterising the microstructures in 
virgin G92 steels and creep tested G92 samples. To achieve the aim, 
extensive work has been carried out on quantitative characterisation of creep 
cavities and damage formation, inclusions such as BN, MnS and Al2O3, and 
microstructural evolution of martensitic matrix and second phase particles 
such as Laves phase, M23C6, and MX. This is an essential part of the process 
to provide recommendations on possible modification of the steel fabrication 
route to improve the creep resistance so that creep life can be prolonged, and 
to minimise the susceptibility for nucleation of cavities so that creep brittle 
fracture can be avoided. 
 
1.3 Organisation of the Thesis 
This thesis consists of eight individual chapters. Chapter 2 gives a 
comprehensive literature review of: the physical metallurgy of CSEF steels 
including the key alloying elements and phases; microstructural evolution 
during long term creep exposure at elevated temperatures; effects of heat 
treatment on microstructures and properties; mechanisms of creep strength 
loss; and loss of resistance to the creep rupture ductility.  
Chapter 3 presents the detailed information of the G92 steel samples 
including the chemical compositions, heat treatments, steel fabrication 
methods and creep tests conditions. It subsequently presents in detail the 
sample preparation procedures and the characterisation techniques used in 
the study. 
Chapters 4 to 7 are four substantive results chapters. Chapter 4 discusses the 
quantitative characterisation of creep cavities and their nucleation sites. 
Rigorous metallurgical investigation of creep cavitation and related 
microstructures reveals the particles which are associated with creep cavity 
initiators in the G92 steels. 
Chapter 5 presents a comprehensive microstructural analysis of creep 
samples failed in significantly different rupture ductility. Quantifications of 
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creep cavities, inclusion particles and second phase particles of selected 
creep samples are presented in this chapter. A detailed microstructural 
comparison and discussion provides a greater understanding of the factors 
influencing the resistance to the long term creep rupture ductility. 
In chapter 6, three Grade 92 steels from different suppliers and which were 
manufactured by different fabrication routes are compared. This chapter 
discusses in detail how the steelmaking process can affect the microstructure 
and in turn, the creep performance. 
Chapter 7 describes the effects of BN inclusions on the initial microstructures. 
The microstructures before and after the application of a re-heat treatment to 
dissolve BN are compared and discussed.  
Chapter 8 finally draws the key conclusions from the research and provides 
suggestions for the future work. 
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CHAPTER 2 LITERATURE REVIEW 
 
2.1 Introduction 
This chapter reviews various aspects of 9-12 wt.% Cr power plant steels 
including the microstructural features, typical heat treatments, microstructural 
evolution during high temperature exposure, and mechanisms of creep 
strength loss. Details of the factors affecting creep damage and damage 
development with life fraction are not fully established. Therefore a section is 
dedicated to review some of the techniques that have been used to assess 
the remnant creep life. 
 
2.2 Microstructures and High Temperature Evolution in 9-12 wt.% Cr 
Steels 
The high Cr power plant steels possess a martensitic microstructure due to 
the diffusionless transformation of face-centred cubic (fcc) austenite to body 
centred tetragonal (bct) martensite during rapid cooling (Bhadeshia and 
Honeycombe, 2006). Prior to entering service, the materials undergo heat 
treatments including normalisation and tempering. The martensitic structure 
forms when the quenching process is applied after normalising. In addition to 
the tempered martensite matrix, second phase precipitates also form during 
the heat treatments and the high temperature exposure to the operation 
condition due to the presence of Cr, W, Mo, V, Nb and many other additional 
alloying elements (Bhadeshia and Honeycombe, 2006; Poter, Eastering and 
Sherif, 2009). The effect of those alloying elements and the microstructural 
features present in the high Cr power plant steels particularly in Grade 91 and 
Grade 92 steels are reviewed in this section. 
2.2.1 Martensite matrix 
Martensitic structure forms due to the quenching process. Martensitic 
transformation is diffusionless therefore the carbon atoms remain in solid 
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solution. The transformation causes a deformation of the austenitic lattice and 
the transformed region experiences a large shear and a volume expansion. 
Such deformation leads to a characteristic lath or lenticular microstructure to 
minimise the strain deformation. Grade 91 and 92 are tempered martensite 
steels. With tempering, the diffusion of carbon is increased and 
simultaneously became stress relieved, and therefore the hardness is 
decreased. The decrease in hardness is due to the coarsening of precipitates, 
dissolution of M23C6 cardbides, and breakdown of martensitic lath structure. 
In low carbon steels martensite normally possesses a bct structure, which is 
not a close-packed cell, providing few active slip planes and hence resulting in 
a great resistance to dislocation motion. Within the martensite structure 
carbon atoms are able to diffuse out of the lattice to form precipitates with iron 
or other alloying elements. The origin of the high strength of martensite is due 
to the complex microstructure. Bhadeshia and Honeycombe (2006) 
summarises several possible strengthening mechanisms including (a) 
substitutional and interstitial solid solution; (b) dislocation strengthening; (c) 
fine twins; (d) grain size; (e) segregation of carbon atoms; and (f) precipitation 
of carbides. 
Figure 2.1 shows a Bain correspondence for the formation of martensite from 
austenite. The bct structure contains very high strain and residual stresses 
due to the tetragonal distortion caused by the carbon atoms inside the lattice 
(Porter, Eastering and Sherif, 2009). The degree of the distortion is dependent 
on the carbon content. As indicated in Figure 2.2 (a), the bct lattice becomes 
more distorted with an increase of the carbon concentration. Morito et al. 
(2003) scrutinised a number of lath martensite Fe-C alloys with different 
carbon concentrations, in which low carbon (0.0026-0.38 wt.%) alloys have 
relatively large lath packets inside prior austenite grains, enclosing well 
developed parallel blocks in each packet, as shown in Figure 2.2 (b).  
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Figure 2.1 Bain model showing γ → α’ transformation, x,y,z and x’,y’,z’ represent the 
origin and final axes of fcc and bcc unit cells. Possible interstitial sites for carbon 
atoms are shown by crosses. To obtain α’ the γ unit cell is contracted about 20% on 
the c axis and expanded about 12% on the a axes. After Porter, Eastering and Sherif 
(2009). 
 
 
 
 
 
 
 
 
Figure 2.2 (a) The changes of the lattice parameters of ferrous martensite as a function 
of carbon composition, after Porter, Eastering and Sherif (2009); (b) schematic 
illustration of lath martensite structure within a prior austenite grain, in low carbon (0-
0.4 wt.%C) alloys, after Morito et al. (2003). 
 
(a) (b) 
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2.2.2 The effects of alloying elements 
Most additional alloying elements were deliberately added into CSEF steels to 
achieve desirable properties. For example, the tempering of martensite in 
alloyed steels can result in higher hardenability, the ability of steel to form 
martensite on quenching, because martensite structures can be achieved at 
slower cooling rates. The martensite starting temperature (Ms) can be 
depressed with the additions. But the main difference from carbon steels is 
the formation of alloy carbides during tempering rather than just cementite. 
The benefits also extend to the increase of stability of the supersaturated Fe-
C solid solution. The martensite tetragonality can therefore be preserved up to 
500oC. Also, fine carbide precipitates are thermodynamically more stable and 
are able to provide higher strength enhancement than coarse cementite due 
to the secondary hardening. Table 2.1 gives a full view of the chemical 
composition ranges of most commercially available power plant steels. The 
effects of some key alloying elements are surveyed below. 
 Cr 
In advanced CSEF steels (e.g. P91, E911, and P92), chromium is 
undoubtedly the major alloy addition and brings many desirable properties to 
the materials. Low Cr steels have been used for the backbone materials for 
the power generation and petrochemical industries for at least five decades 
(Bhadeshia, 2001). High Cr steels developed much later due to the superior 
corrosion and oxidation resistance. When 11 wt.% or more of Cr is present in 
steels, then they are termed stainless due to the formation of the protective 
Cr-rich oxide film on the steel surface. Even if a steel component is damaged 
either chemically or mechanically, a passive oxide film will still form to retard 
further damage by high temperature oxidation and corrosion. Cr is also able to 
balance other additional solutes to avoid delta ferrite. It is able to improve the 
ferrite stability and is also a strong carbide former which enables the 
improvement of the strength of steels by precipitation hardening. The addition 
of Cr increases hardenability of steels to a large enough scale to induce 
martensite instead of bainite for identical cooling conditions (Bhadeshia, 
2001).   
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 Mo 
As an alloying element in power plant steels, Mo brings many cost-effective 
benefits. Mo is always used in conjunction with Cr and V in creep resistant 
steels. It is a ferrite stabiliser and is as strong a carbide forming element as 
Cr. It increases the strength by solid solution strengthening and greatly 
improves hardenability (only V has a stronger effect than Mo). Mo is able to 
prevent steels from the undesirable effect of temper embrittlement. It also 
prevents steels from pitting and crevice corrosion attack. In order to avoid the 
formation of delta ferrite in the microstructure, the Mo content of high W steels 
(T/P92 and T/P122) is reduced to ~0.5 wt.%, which in T/P91 is ~1 wt.% (von 
Hagen and Bendick, 2002). 
 W 
W hardens steels via solid solution hardening, precipitation hardening and 
sub-boundary hardening. W also contributes to the formation of hard Laves 
phase particles (Fe2W) which are more stable than Fe2Mo type Laves phase 
in P91. It is reported that the creep rupture strength is in proportion to the W 
concentration up to 3 wt.% (Abe, 2001). Above 3 wt.% W, the strength does 
not increase because steels contain tempered martensite and delta ferrite 
with 3 and 6 wt.% W respectively and the content of delta ferrite increases 
with the increase of W content. W is a stabiliser of lath martensite structures 
by delaying dislocation recovery and polygonisation of lath morphology (Hong, 
Lee and Park, 2001). Abe (2001) also pointed out that the addition of W can 
effectively suppress the coarsening of M23C6 carbides which sit along the 
grain boundaries (lath, block, packet and PAGB), though the mechanism of 
this phenomenon is not fully understood yet (Bhadeshia, 2001).  
 Nb 
The Nb concentration in conventional power plant steels is up to 0.1 wt.%. It is 
also a ferrite stabilising element and a strong carbide/nitride former. Yield and 
tensile strength can be improved by this alloying addition. The presence of Nb 
can also modify the grain structure by retarding the recrystallisation of 
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austenite. The co-existence of Si and Nb in weld metal can prevent the 
possibility of hot cracking (Coleman and Newell, 2007). 
 V 
V is an expensive alloying element. It forms carbides, nitrides or carbonitride 
precipitates to enhance the high temperature mechanical properties. 
According to Onizawa et al. (2008), V does not initiate the formation of V(C,N) 
until V concentration exceeds 0.12 wt.% which however does not apply to the 
precipitating of Nb or other microalloying elements. This implies V(C,N) has a 
larger solubility at elevated temperature or larger amounts of V can be 
dissolved at a given temperature. A special feature of V as compared to Nb is 
the solubility of its nitride VN is much less (about two orders of magnitude 
lower) than its carbide VC which results in N content playing an important role 
in precipitation strengthening. It was also widely reported that V can 
effectively refine ferrite grains (Zajac, 2001; Kimura et al., 1997; Kimura et al., 
1999; Ishikawa and Takahashi, 1995). A comprehensive review on the role of 
V in microalloyed steels was made by Lagneborg et al. (1999). 
 N 
As discussed previously, the presence of N can be effectively combined with 
certain elements such as V and Nb to form hard nitride or carbonitride 
precipitates to achieve precipitation hardening, although this may result in a 
reduction in ductility and toughness. The yield strength increases almost 
linearly with increasing N content in V-microalloyed steels which makes N an 
eminent option for effectively controllable precipitation hardening (Lagneborg 
et al., 1999). The design idea of the MARBN steel is partly based on the 
strengthening mechanism provided by nitride precipitation (Abe et al., 2007). 
 Ni 
Nickel is an austenite stabiliser and does not tend to form carbides or nitrides. 
The presence of Ni has a large influence on P91- and P92-type steels’ Ac1 
and Ac3 temperatures as it works in concert with Mn. The initial purposes of 
adding nickel was to improve the impact strength and to suppress the 
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presence of delta ferrite in the microstructure. However, it was reported that 
excessive amounts of Ni (greater than ~0.6 wt.%) in 12CrMoVNb steel 
reduces the creep life due to the coarsening of M23C6 particles (Vodárek and 
Strang, 1997). Strang and Vodárek (1998) also pointed out that high Ni 
contents could accelerate the dissolution of M2X and MX precipitates and 
favour the precipitation of Z-phase and M6X to the detriment of the fine M2X 
and MX precipitates. The Ni content for T/P91, T/P911, and T/P92 is designed 
to be lower than 0.4 wt.% (see Table 2.1). A Ni content higher than the 0.4 
wt.% is considered to be detrimental to the creep properties. From the 
recently published data (Asakura et al., 2012), Ni has been found to be 
present in the Laves phase and Z-phase after long term creep at 650oC.  
 Mn 
Mn is also an austenite stabilising element, albeit weaker than Ni. Adding Mn 
can prevent delta ferrite during austenisation, and thus ensure a 100% 
martensitic transformation after quenching. Mn also contributes to the strength 
of high Cr steels by solid solution strengthening. Like Ni it acts as a carbide 
coarsening enhancer which is detrimental to the long term creep resistance 
(Bhadeshia and Honeycombe, 2006). It has also been reported that large 
amounts of manganese sulphide inclusions (MnS) were detected within creep 
cavities (Zhao et al., 2011). 
 Al 
The main purpose of adding Al is to achieve the deoxidisation in the melting of 
heat resistant steels and the refinement of the grain structures. However, the 
presence of Al results in the formation of AlN particles which suppress the 
formation of VN because N is preferentially combined with Al rather than V. 
The size of AlN particles is much coarser than MX, which has an adverse 
effect on the long term creep strength.  
 B 
B is a versatile addition to the creep resistant steels. B possesses a low 
solubility in ferrite and is a surface-active element. It is often used to improve 
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the hardenability. One of the attractive features of B is its ability to interact 
with diffusing atoms on grain boundary planes to retard grain boundary 
diffusion (Faulkner, 2008). The mechanism of the reduction of grain boundary 
diffusion rates by B is to inhibit coarsening of M23C6 precipitates in the vicinity 
of prior austenite grain boundaries (PAGBs) during creep, thus stabilising the 
microstructure since fine distribution of M23C6 particles can effectively pin the 
subgrain boundaries (Klueh, 2004; Abe et al., 2004). Figure 2-3 schematically 
shows the effect of B on the creep behaviour. However, B is a strong nitride 
forming element and the formation of BN in the 9-12 wt.% Cr steels during 
heat treatment at high temperatures can significantly accelerate the creep rate 
due to the consumption of soluble B and N (Abe, 2011). Another attraction of 
B addition is that the occurrence of type IV cracking in heat-affected zone 
(HAZ) can be eliminated by adding about 100 ppm B with minimised N as low 
as 10-20 ppm due to the suppression of fine-grained microstructure in HAZ 
(Abe et al., 2006). However, a deleterious effect has also been reported 
where B can significantly promote the stress-relief cracking (SRC) in the weld 
HAZ (Ishikawa, Pfaendtner and McMahon Jr, 1999). 
 
 
Figure 2.3 Schematic diagram showing the mechanism of B for improvement of time to 
rupture, after Abe (2008).  
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Table 2.1 Chemical composition ranges of creep resistant ferritic steels for power plants, after von Hagon and Bendick (2002). 
No. EN-Designation Comparable 
ASTM Grade 
Chemical composition (mass-%) 
C Si N Al Cu Cr Ni Mo W Ti V Nb B N 
1 P235 A Max. 
0.16 
Max. 
0.35 
0.40-
0.80 
Min. 
0.020 
Max. 
0.30 
Max. 
0.30 
Max. 
0.30 
Max. 
0.08 
      
2 P355  Max. 
0.22 
0.15-
0.35 
1.00-
1.50 
Max. 
0.060 
       0.015-
0.10 
  
3 16Mo3  0.12-
0.20 
0.15-
0.35 
0.40-
0.80 
Max. 
0.040 
   0.25-
0.35 
      
4 9NiCuMoNb5-6-4  Max. 
0.17 
0.25-
0.50 
0.80-
1.20 
Max. 
0.050 
0.50-
0.80 
Max. 
0.30 
1.00-
1.30 
0.25-
0.50 
   0.015-
0.045 
  
5 13CrMo4-5 T/P11 0.10-
0.17 
0.10-
0.35 
0.40-
0.70 
Max. 
0.040 
 0.70-
1.10 
 0.45-
0.65 
      
6 11CrMo9-10 T/P22 0.08-
0.15 
0.15-
0.40 
0.30-
0.70 
Max. 
0.040 
 2.00-
2.50 
 0.90-
1.20 
      
7 8CrMoNiNb9-10  Max. 
0.10 
0.15-
0.50 
0.40-
0.80 
Max. 
0.050 
 2.00-
2.50 
0.30-
0.80 
0.90-
1.10 
   Min. 
10×%C 
  
8 7CrMoVTiB10-10 T/P24 0.05-
0.10 
0.15-
0.45 
0.30-
0.70 
Max. 
0.020 
 2.20-
2.60 
 0.90-
1.10 
 0.05-
0.10 
0.20-
0.30 
 0.0015-
0.007 
Max. 
0.010 
9  T/P23 0.04-
0.10 
Max. 
0.50 
0.10-
0.60 
Max. 
0.030 
 1.90-
2.60 
 0.05-
0.30 
1.45-
1.75 
 0.20-
0.30 
0.02-
0.08 
0.0005-
0.006 
Max. 
0.030 
10 X11CrMo9-1 T/P9 0.08-
0.15 
0.25-
1.00 
0.30-
0.06 
Max. 
0.040 
 8.0-
10.0 
 0.90-
1.00 
      
11 X20CrMoNiV11-1  0.17-
0.23 
0.15-
0.50 
Max. 
1.00 
Max. 
0.040 
 10.0-
12.5 
0.30-
0.80 
0.80-
1.20 
  0.25-
0.35 
   
12 X10CrMoVNb9-1 T/P91 0.08-
0.12 
0.20-
0.50 
0.30-
0.60 
Max. 
0.040 
 8.00-
9.50 
Max. 
0.40 
0.85-
1.05 
  0.18-
0.25 
0.06-
0.10 
 0.030-
0.070 
13 X11CrMoWVNb9-1-
1 
T/P911 0.09-
0.13 
0.10-
0.50 
0.30-
0.60 
Max. 
0.040 
 8.50-
9.50 
0.10-
0.40 
0.90-
1.10 
0.90-
1.10 
 0.18-
0.25 
0.06-
0.10 
0.0005-
0.005 
0.050-
0.090 
14  T/P92 0.07-
0.13 
Max. 
0.50 
0.30-
0.60 
Max. 
0.040 
 8.50-
9.50 
Max. 
0.40 
0.30-
0.60 
1.50-
2.00 
 0.15-
0.25 
0.04-
0.09 
0.001-
0.006 
0.030-
0.070 
15  T/P122 0.07-
0.13 
Max. 
0.50 
Max. 
0.70 
Max. 
0.040 
0.30-
1.70 
10.0-
12.5 
Max. 
0.50 
0.25-
0.60 
1.50-
2.50 
 0.15-
0.30 
0.04-
0.10 
Max. 
0.005 
0.040-
0.100 
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2.2.3 Carbides, nitrides and carbonitride precipitates 
The microstructures of high Cr steels generally consist of martensite matrix 
with prior austenite grain boundaries (PAGB) and subgrain boundaries, and 
numerous types of precipitates therein. Grain boundaries (including PAGB, 
packet boundary, block boundary, lath boundary) are usually preferential sites 
for precipitate nucleation and growth. Many carbide precipitates do not form 
until 500-600oC since the formation of carbides requires enough energy for 
diffusion of the alloying elements. The formation of different precipitates can 
happen during different stages of the heat treatments. It is worth noting that 
not all carbides are thermodynamically stable so those metastable carbides 
that formed in the early stage could be eventually dissolved or replaced by 
more stable ones. Those precipitates which were reported to be present in 
high Cr power plant steels in available literatures are reviewed in detail in this 
section. 
 M23C6 carbides 
M23C6 carbides possess fcc structure. M here stands for mainly Cr with small 
amounts of Fe, V, W, Mo and Ni. The chemical composition of M23C6 varies 
with the proportion of alloying elements in the steel. M23C6 carbides do not 
form initially but tend to replace some meta-stable carbides such as M3C and 
M2X during high temperature tempering. Two possible precipitation 
sequences associated with the formation of M23C6 carbides are given as 
follow. 
1) M3C → M23C6 + M2X → M23C6 + MX (Janovec, Richarz and Grabke, 
1994); 
2) M3C → M7C3 + M2X → M23C6 + MX (Danielsen, 2007). 
It was reported that the main positive effect of M23C6 carbides is to pin 
subgrain boundaries, reducing the effectiveness of the recovery mechanisms 
(Cerri et al., 1998). M23C6 carbides also suppress the growth of subgrains due 
to the locations they sit on (M23C6 carbides precipitate on almost all kinds of 
grain boundaries). The average diameters of M23C6 were estimated at 170, 99 
and 90 nm for the 12Cr1MoV, P91 and P92, respectively (Klueh, 2004). 
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Ennis, Zielińska-Lipiec and Czyrska-Filemonowicz (2000) measured the sizes 
of M23C6 carbides in a P92 steel sample with different tempering temperatures 
and the average diameter is from 7216 nm to 8913 nm at temperatures 
from 715oC and 775oC. At higher tempering temperatures, the measured 
average size of M23C6 carbides does not exceed 89 nm. Panait (2010) 
quantified the M23C6 particles in T92 steels and confirmed an average 
equivalent diameter of 90-100 nm. However, after creep for about 104 h at 
650oC, the average size increases to 400 nm (Taneike, Abe and Sawada, 
2003). The high temperature evolution of M23C6 carbides brings significant 
influence on the long term creep life of conventional 9 wt.% Cr steels. The 
coarsening effect is believed to be detrimental to the creep strength since 
coarse particles provide less strengthening effect than finely distributed ones. 
M23C6 precipitates tend to coarsen during tempering and there are many 
factors that could lead to the particle coarsening. One of the reasons for 
adding boron into the steel composition is to retard the coarsening of M23C6 
carbides and therefore to achieve a fine distribution in the vicinity of PAGBs 
during creep (Abe, 2011). 
M23C6 carbides have a very complex cubic structure illustrated in Figure 2.4. 
M23C6 carbides also exhibit many different appearances. In projection, the 
shapes observed are squares, rectangles, parallelograms, or occasionally 
triangles (Beckitt and Clark, 1967). Lewis and Hattersley (1965) suggested a 
polyhedral particle shape with {111} planar interfaces and occasionally 
tetrahedra and octahedra. However, Beckitt and Clark (1967) did not fully 
agree with the previous opinion and suggested an almost cubic particle 
bounded by {111} and {110} planes. Recent work conducted by Janovec, 
Svoboda and Blach (1998) indicated that the different morphologies of M23C6 
could be due to the different chemical compositions of the carbides which 
depends on the diffusion condition and the concentration of alloying elements 
(shown in Figure 2.5).  
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Figure 2.4 Crystal structure of M23C6 carbide, a = lattice parameter = 10.579 Å, u = 
0.385a, v = 0.165a, w = 0.274a. After Beckitt and Clark (1967). 
 
   
Figure 2.5 Different types M23C6 particles with different morphologies: (a) thin particles 
of the (Cr6Fe5)23C6 approximate stoichiometry; (b) equiaxed particles of the (Cr5Fe2)23C6 
approximate stoichiometry. After Janovec, Svoboda and Blach (1998). 
(a) (b) 
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Figure 2.6 A graph showing the size distribution of MX precipitates in the as-
normalised and as-tempered conditions, after Suzuki et al. (2003). 
 
 MX-type precipitates 
MX carbonitrides homogeneously precipitate within the martensitic lath during 
the tempering process, where M represents Cr, V and Nb, and X represents C 
and N. MX-type precipitates are extremely important to the long term creep 
resistance since they are thermodynamically stable and can provide the most 
significant contributions to the precipitation strengthening (Taneike, Abe and 
Sawada, 2003). V and Nb are stronger carbonitride-forming elements than Cr, 
and VN has a considerably lower solubility than VC in both ferrite and 
austenite, so the dominant MX precipitates in most CSEF steels are Nb(C,N)-
type and VN-type (Taneike, Abe and Sawada, 2003; Tamura et al., 2001; 
Tamura et al., 2004; Lagneborg et al., 1999).  
Suzuki et al. (2003) and Yoshino et al. (2005) investigated the precipitation 
mechanisms of MX carbonitrides in 9Cr-1Mo-V-Nb steel. After normalising, 
there are two types of MX precipitates present in the steel, large MX with Nb < 
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70 wt.% and fine MX with Nb > 70 wt.%. However after tempering, the large 
MX particles are dissolved. The remaining MX precipitates are fine and are 
mostly separated into two phases enriched with either Nb or V. The existence 
of two discrete MX-type phases can be explained by the miscibility gap in the 
Cr-V-Nb system (Suzuki et al., 2003). Figure 2.6 shows the size distribution of 
both low and high Nb MX in the as-normalised condition and both Nb-rich and 
V-rich MX in the as-tempered condition. 
A reported size of the MX carbonitride particles, present in 9Cr-0.078C steel, 
is 20-30 nm after creep for about 104 h at 650oC (Taneike, Abe and Sawada, 
2003). With the decrease of carbon content, the MX particles size becomes 
even smaller, an average size of 5-10 nm in the specimen with 0.002 wt.% C 
after tempering (Taneike, Abe and Sawada, 2003). Suzuki et al. (2003) 
suggested that an average diameter of Nb-rich MX and V-rich MX in the as 
tempered condition is 24 and 34 nm, respectively. Since the size of MX is 
extremely fine, only TEM technique or indirect methods such as small angle 
scattering and diffraction measurements are suitable for the analysis of these 
precipitates. 
MX has a simple NaCl-type crystal structure and can be described as fcc M 
with all the interstitial sites filled with X. There are three morphologies of MX 
precipitates, spheroidal Nb(C,N), plate-like VN and complex ‘V-wings’ 
Nb(C,N)-VN (Ennis et al., 1997). Recent work on the quantification of MX 
precipitates in P92 steel conducted by Panait et al. (2010) also confirmed the 
presence of the three shapes. Figure 2.7 presents the TEM images of the 
three types of MX carbonitrides associated with ternary Cr-Nb-V composition 
of each one. Hamada et al. (1995) studied the effect of the MX shape on 
dispersion strengthening. It was pointed out by the same authors that V-wings 
have better strengthening effect than spheroidal Nb(C,N) since dislocation 
climbing is restrained and trapped at the concavity of the V-wings. 
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Figure 2.7 TEM images of MX precipitates and composition of each one in a ternary Cr-
Nb-V diagram: (a) spheroidal Nb(C,N); (b)(c) plate-like VN; (d) V-wings Nb(C,N)-VN. 
After Zavaleta Gutiérrez, Danón and Luppo (2007). 
 
 Laves phases 
In 9-12 wt.% Cr steels, Laves phase is denoted as Fe2M, where M is either 
Mo, W, or both. It is also referred as to Fe2(Mo,W) or (Fe,Cr)2(Mo,W). TEM 
analysis has shown that Laves phase has a hexagonal structure (Kumar et 
al., 2003). Laves phase forms during high temperature exposure. Up to now, 
the occurrence of Laves phase has not been reported in the unaged 
condition. The preferential nucleation sites for Laves phase are thought to be 
prior austenite, martensitic lath, sub-grain boundaries and vicinities of Cr-rich 
M23C6 precipitates (Sawada et al., 1999; Dimmler et al., 2004; Cui et al., 
2010). Laves phase particles in Grade 92 steel are relatively large compared 
to other second phase particles. One extreme example shown in Figure 2.8 
indicates the size of Laves phase can reach the width of martensitic laths. 
Figure 2.9 shows a typical size distribution of Laves phase in P92 steel after 
long-term creep at high temperature, which indicates the growth of Laves 
phase is temperature dependent. 
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Figure 2.8 Bright field TEM image (left) and a corresponding phase map (right) of a 9 
wt.% Cr steel aged at 600oC for 1000 h. Red, blue and yellow represent V, Cr and W, 
indicating MX, M23C6 and Laves phase particles respectively. After Andrén (2001). 
 
 
Figure 2.9 Size distribution of Laves phase particles in P92 aged at 600oC/26,484 h, 
after Korcakova, Hald and Somers (2001). 
 
The precipitation and growth mechanisms of Laves phase in high Cr steels 
are not fully understood but is apparently related to the chemical composition. 
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A study on precipitation behaviour of Laves phases carried out by Hosoi et al. 
(1986) showed that a decrease in Si content can significantly retard the 
precipitation of Laves phase. Moreover, it was suggested by the same authors 
that elimination of Si can effectively prevent the Laves phases precipitating. 
The research conducted by Lundin (1996) indicated the enrichment in Si and 
P could improve the nucleation of Laves phase. Hätterstrand, Schwind and 
Andrén (1998) suggested Cu has an accelerating effect on the nucleation of 
Laves phase. The solvus temperature of Laves phase was proved to be 
related to the Mo+W and Re contents in the steels (Murata et al., 2005). With 
the increasing Mo+W content, the solvus temperature increases as well (see 
Figure 2.10). Cui et al. (2001) investigated the precipitation behaviour of 
Laves phase in Fe-10Cr-6W and Fe-10Cr-6W-3Co and found that Co has an 
effect to enhance the growth of Laves phase precipitates and also a small 
effect to increase the number density of Laves phase precipitates. Hu et al. 
(2009) reported that in 10 wt.% Cr steels the addition of Co could accelerate 
the growth rate of Laves phase. The growth kinetics of Laves phase and the 
effect of aforementioned Co, Cu and Si were also investigated by Prat et al. 
(2010). 
The effect of Laves phase on the microstructural stability in 9-12 wt.% Cr 
steels is not fully understood yet. The formation of Laves phase causes the 
depletion of Mo and W and therefore reduces the solid solution strengthening 
effect of W. On the other hand, the precipitation of intermetallic Laves phase 
also contributes to precipitation hardening (Kubon and Foldyna, 1995). It is 
however argued by Taneike, Abe and Sawada (2003) that the effect of 
precipitation strengthening is negligibly small because the size of Laves 
phase particles is larger than other precipitates (comparison shown in Figure 
2.11) and the number density of Laves particles is low after creep exposure at 
high temperature.  
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Figure 2.10 Change in both the solvus temperature of the Laves phase and the upper 
temperature-limit for the fine precipitates with W+Mo and Re contents in high Cr ferritic 
steels, after Murata et al. (2005). 
 
 
Figure 2.11 Fitted log-normal distributions for precipitates of type VN, M23C6 and Laves 
phase in steel P92 aged at 600oC for 10,000 h, after Hätterstrand and Andrén (2001). 
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 Modified Z-phase 
Z-phase precipitates are frequently observed in austenitic stainless steels. In 
most austenitic stainless steels, Z-phase occurs during tempering with a 
complex chemical composition. They are finely and homogeneously 
distributed therefore provide good strengthening effect (Sourmail, 2001). The 
crystal structure of Z-phase is tetragonal as is illustrated in Figure 2.12 (a).  
In 9-12 wt.% Cr heat resistant steels, a new phase similar to the Z-phase 
present in austenitic steels was firstly reported and termed modified Z-phase 
by Strang and Vodarek (1996). The modified Z-phase is a complex nitride 
usually referred as to Cr(V,Nb)N (chemical composition shown in Table 2.2). 
The two main differences are that in modified Z-phase, V atoms almost 
replace half of the Nb atoms in conventional Z-phase, and the lattice 
parameter a of modified Z-phase is slightly smaller (shown in Figure 2.12b). 
With respect to the crystal structure, according to the study carried out by 
Danielsen et al. (2006), a NaCl-type fcc crystal structure coexists with the 
tetragonal crystal structure in the Cr(V,Nb)N and CrVN particles but the 
coexistence was not found in CrNbN particles, as shown in Figure 2.12 (c). 
According to Danielsen and Hald (2009), there are two possible precipitation 
mechanisms of modified Z-phase. The authors suggested that the nucleation 
mechanism could be either a nucleation on an existing MX precipitate or a Cr 
diffusion controlled transformation of MX into Z-phase. Both of the two 
proposed mechanisms are illustrated in Figure 2.13. The Cr diffusion 
mechanism was confirmed by Cipolla et al. (2010) and a less straightforward 
mechanism was also proposed by the same authors and shown in Figure 
2.14. Several Cr-rich areas form and develop with Nb-rich centres on the MX 
precipitate by incorporating Cr from the matrix then consuming V, Nb and N 
from the MX particle. This process could also be assisted by diffusion through 
the ferrite matrix rather than through the particle leading to the MX particle 
finally being solved and leaving several Z-phase particles. A pair of parallel Z-
phase particles is most often observed.  
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Precipitation of modified Z-phase is believed to be detrimental to the creep life 
of 9-12 wt.% Cr steels because their formation means the dissolution of MX-
type precipitates and consequently a suppression of the creep strength. 
According to the literature, the formation and growth of modified Z-phase 
particles are strongly dependent on the chemical composition and can be 
significantly affected by some alloy elements such as Cr, Nb and N. For 
example, in a conventional 12 wt.% Cr steel with 0.29 wt.% Nb, 0.28 wt.% V 
and 0.074 wt.% N, massive Z-phase precipitates were observed (Strang and 
Vodárek, 1996) but in a steel with lower contents of those key elements for Z-
phase formation, less Z-phase particles can be observed (Danielsen and 
Hald, 2007). The observation by Taneika, Abe and Sawada (2003) in the 
0.002 wt.% C steel with 9 wt.% Cr, 0.05 wt.% Nb and 0.05 wt.% N is also in 
agreement with this point. Hald and Danielsen (2009) suggested that the Z-
phase precipitation process is strongly accelerated with Cr content higher 
than 10.5 wt.%. Research has also indicated that Ni addition can enhance the 
precipitation of modified Z-phase, although the underlying mechanism for this 
is not fully understood (Vodárek and Strang, 2000; Golpayegani and Andrén, 
2006). 
 
 
 
 
 
 
 
Figure 2.12 (a) Crystal structure of Z-phase in austenitic steels with lattice parameter c 
= 0.739 nm and a = 0.304 nm, after Jack and Jack (1972); (b) crystal structure of 
modified Z-phase in 9-12 wt.% Cr steels with lattice parameter c = 0.739 nm and a = 
0.286 nm (Danielsen and Hald, 2006; Vodárek and Strang, 2003); (c) coexistence of 
tetragonal unit and fcc unit in modified Z-phase, after Danielsen et al. (2006). 
(a) (b) (c) 
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Table 2.2 Chemical compositions of modified Z-phase in a 12CrMoVNb steel associated 
with different test conditions (Strang and Vodárek, 1996). 
 Test condition Temperature (oC) Stress (MN/m2) Creep rupture life (h) Elongation (%) 
1 600 139 22,050 22.5 
2 600 100 30,800 30.0 
3 600 69 94,800 24.0 
4 550 201 79,200 14.0 
 
Chemical composition (in wt.%) 
V Cr Fe Nb Mo 
36.04.6 47.03.7 4.50.6 11.15.4 1.40.5 
36.03.3 45.92.5 5.30.7 11.32.5 1.50.5 
36.62.3 44.93.2 4.40.6 12.93.7 1.20.2 
36.60.7 49.22.0 5.20.7 7.21.7 1.60.5 
 
 
 
Figure 2.13 Schematic diagrams of two possible formation mechanisms of modified Z-
phase: nucleation on existing MX (top) and transformation from MX to Z-phase 
(bottom), after Danielsen and Hald (2009). 
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Figure 2.14 Schematic diagrams and TEM micrographs showing the formation of two 
parallel Z-phase particles. The images were taken from samples exposed at 650oC for 
300, 1000, 1000, 10000 h. After Cipolla et al. (2010). 
 
 AlN 
AlN phase forms due to the strong nitride forming capability of Al additions. Al 
is initially used for deoxidisation in the melting of heat resistant steels. The 
residual Al impurities tend to form AlN precipitates during creep at the 
expense of dissolved N and fine VN precipitates. The formation of coarse AlN 
phase in 9-12% Cr steels is believed to be detrimental to the creep strength. 
Since N has an effect on the solid solution strengthening, the precipitation of 
AlN particles significantly reduces this effect (Kubon and Foldyna, 1995; 
Miyazaki et al., 2002). Also Al is a stronger nitride forming element than V, so 
the precipitation of fine VN is suppressed because N preferentially tends to 
combine with Al, which in turn reduces the amount of precipitation hardening 
present. Magnusson and Sandström (2009) investigated the influence of Al on 
the 9-12 wt.% Cr steels and found only about one fifth of the original phase 
fraction of fine MX-type precipitates remain in the steel by adding Al to the 
material. The precipitation kinetics of AlN and VN were numerically 
investigated in detail by Radis and Kozeschnik (2010). 
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The majority of AlN particles have been found to precipitate on grain 
boundaries. It was reported that AlN can inhibit grain growth in low carbon 
steels because of the low coarsening rate of AlN particles during the ageing 
process (Cheng, Hawbolt and Meadowcroft, 2000). AlN was also reported to 
have an effect on grain refinement in P91 steels (Wilson and Gladman, 1988; 
Yamanaka and Ohmori, 1987). Leap and Brown (2002) observed a duplex 
precipitation behaviour of AlN with Nb(C,N) in a Nb-modified 5120 steel 
containing 0.21 wt.% C, 0.028 wt.% Al and 0.04 wt.% Nb (shown in Figure 
2.15). Although it has been reported by the same authors that the duplex AlN-
Nb(C,N) precipitates improve the grain coarsening resistance and the 
resistance to particle embrittlement during austenisation for extended times, 
there are few benefits found in the commercial uses for the duplex 
carbonitride precipitates in microalloyed steels. 
 
Figure 2.15 Duplex AlN-Nb(C,N) precipitate in the 0.2 wt.% C steel after austenisation at 
930oC for 10 h: (a) bright field image; (b) centred dark field image (Leap and Brown, 
2002). 
 
 BN 
The addition of boron is for the purpose of controlling the coarsening of fine 
M23C6 carbides to stabilise the microstructure. The strong combining ability 
with nitrogen also makes it a strong nitride forming element. The addition of 
excess nitrogen to the steel can cause the formation of BN during heat 
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treatment. There is very little literature concerning BN precipitation in the 
Grade 92 steels since this phase is not designed to precipitate in the first 
place and it is thought to be detrimental because it consumes soluble boron 
available for microstructure stabilisation. For example, in the design of 
MARBN (martensitic 9Cr steel strengthened by boron and nitrides) steels for 
USC power plant applications, although both boron and nitrogen are 
deliberately added, there are no BN particles expected to form (Abe et al., 
2008).  
Sakuraya, Okada and Abe (2005) reported the observation of BN in P122 and 
P92 steels. Several aspects of BN were investigated in their study. The 
formation of BN started at 1150oC under slow cooling and only 20% soluble 
boron remained after a normalising and tempering heat treatment. An 
annealing temperature between 1200 and 1250oC was suggested to re-
dissolve the coarse BN particles. The co-existence of aluminium and 
magnesium with BN suggested the precipitation of BN on the alumina or 
magnesia which originates from the furnace refractory. The black line in 
Figure 2.16 shows the relation between B and N (in wt.%) for formation of 
coarse size BN inclusions which is given by Equation 2.1.  
log[%𝐵] = −2.45 log[%𝑁] − 6.81                 Equation 2.1 
where [%B] and [%N] are the concentration in mass%. It should be noted that 
the concentration of boron and nitrogen of typical P92 steels can generate 
large BN precipitates during heat treatments. 
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Figure 2.16 Composition diagram for boron and nitrogen showing formation of solid 
solution or BN at a normalising temperature of 1050-1150oC, after Abe (2008). 
 
2.3 The Effect of Typical Heat Treatments 
Typical heat treatments applied to the 9-12 wt.% Cr steels prior to service 
consists of a normalising treatment followed by rapid cooling to martensite 
and a subsequent tempering treatment. The microstructure of 9-12 wt.% Cr 
steels is very sensitive to the pre-service heat treatments. Temperature and 
duration of the two-stage heat treatments can effectively optimise the creep 
strength. Some important factors can be affected by the heat treatments 
including the grain size, hardness, homogeneity of microstructure and 
distribution of secondary phases.  
 Normalising 
A normalising treatment is typically carried out above Ac3 point to dissolve the 
precipitates present in the iron matrix. The precipitates are from prior 
steelmaking processes. For high Cr power plant steel applications, castings 
and forgings are typical initial forming processes. After normalising, the 
structure may also contain varying proportions of retained austenite, 
undissolved carbides and delta ferrite, but the primary phase has been 
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transformed to martensite due to rapid cooling. High Cr and Mo content in this 
class of steel enable high hardenability to be obtained and allow a fully 
hardened microstructure to be achieved.     
The normalising temperature and cooling rate can significantly influence the 
microstructure and creep properties. High Cr steels are very sensitive to the 
normalising temperature.  
 Tempering 
Tempering treatments generate a tempered martensite structure to improve 
the ductility and toughness of the steel. This is achieved by the optimisation of 
the precipitation of carbides and nitrides and the relief of internal residual 
stresses by diffusing out the carbon that is trapped in a super saturated solid 
solution (SSSS) in the matrix. Carbides and nitrides precipitate during 
tempering on prior austenite grain boundaries, ferrite subgrain boundaries, 
and dislocations inside subgrains. 
As suggested, the tempering temperature of high strength ferritic steels is 
usually at a range of 30-50oC lower than the Ac1 point but higher than the 
service temperature (Masuyama et al., 1989). It is also suggested that the 
desirable tempering temperature be 800oC but the Ac1 point of conventional 
steels is just about 800oC. So in practice it is not possible to carry out 
tempering at such a temperature. A common tempering temperature range for 
9-12 wt.% Cr steels is 680-780oC (ECCC data from Hald 2008). This leads to 
recovery of ductility by annihilation of dislocations and to the formation of 
ferrite subgrains. Lower tempering temperatures are suitable for components 
requiring high tensile strength (e.g. turbine rotors) while higher tempering 
temperatures are used for pressurised components requiring increased 
toughness (e.g. steam pipes). 
There is rather few published data on the secondary phases that precipitate in 
P92 steels during tempering in terms of their size, nature, shape and 
distribution. Taneike, Sawada and Abe (2004) studied the effect of carbon 
concentration on the precipitation of M23C6 and MX type particles during heat 
treatment. A set of 9 wt.% Cr steels with the C range from 0.002 to 0.160 
33 
 
wt.% were investigated. The precipitation of MX is not influenced by the C 
concentration but M23C6 only form in steels containing more than 0.02 wt.% C. 
Dudko, Belyakov and Kaibyshev (2012) investigated how the tempering 
temperature affects the mechanical properties and microstructures of a P92 
steel. They found MX precipitates under all kinds of tempering conditions 
which agrees with Taneike’s work. Table 2-3 gives some typical pre-service 
heat treatments for a number of high Cr heat resistant steels. Figure 2-17 and 
2-18 show the microstructures after normalising and tempering respectively. 
 
Figure 2.17 TEM micrographs of P92 austenitised for 2 h at (a) 970oC and (b) 1145oC, 
and subsequently tempered 2 h at 775oC, showing the increased martensite lath width 
at the higher austenitising temperature, after Ennis and Czyrska-Filemonowicz (2003). 
 
 
Figure 2.18 Thin film TEM image showing typical tempered martensite microstructure, 
after Hald (2008). 
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Table 2.3 Chemical composition and heat treatment of a number of 9-12 wt.% Cr steels, 
after Hald (2008). 
 
 
2.4 Mechanisms of Creep Strength Loss and Improvement of Long-Term 
Creep Strength 
The creep strength of the 9-12 wt.%Cr heat resistant steels is provided by the 
strong martensitic matrix with W and Mo atoms in solid solution and 
precipitation strengthening given by both fine MX carbonitrides and M23C6 
carbides. Microstructural evolution during long-term creep exposure may 
impair the creep strength. The main microstructural degradation mechanisms 
of the 9-12 wt.% Cr steels reported during creep exposure in the temperature 
range from 550oC to 650oC include the precipitation of new phases (Laves 
phases; Z-phases), the coarsening of fine precipitates, the recovery of the 
tempered martensite matrix, and the formation of creep cavities. One of these 
mechanisms could be predominant with respect to the other microstructural 
degradation mechanisms as a function of the steel chemical composition 
and/or the creep testing conditions. This section reviews the reported causes 
of creep strength loss in 9-12 wt.% Cr heat resistant steels.  
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2.4.1 Creep strengthening mechanisms 
It has often been assumed that for isothermal creep rupture tests a linear 
relation should exist between the logarithm of time to rupture and the 
logarithm of stress if the tested material is metallurgically stable (Hald, 2008). 
However, inspection of creep rupture data for all technical high-temperature 
steels shows that none of these are metallurgically stable at relevant 
temperatures (Ennis and Czyrska-Filemonowicz, 2003). This has been 
explained by the deviations from linearity caused by a change in fracture 
mechanism from transgranular ductile fracture at shorter testing times to 
intergranular brittle fracture at longer testing times.  
The microstructural explanation of creep deformation is the migration of 
dislocations and subgrain boundaries. Subgrain boundaries consist of 
dislocation networks, which, compared with the subgrain interiors, are hard 
regions in the microstructure of ferritic steels. A small subgrain size means a 
high-volume fraction of hard regions and therefore high creep strength can be 
anticipated. However, dislocation densities and subgrain sizes of different 9–
12 wt.% Cr steels in the normalised and tempered condition do not show a 
systematic variation with creep strength. A 12CrMoV steel may have finer 
subgrain size than steel P92 but it possesses lower creep strength. 
It has been proved that during creep, the subgrains grow and the dislocation 
density decreases with strain accumulation in a similar manner for all the 9-12 
wt.% Cr steels (Hald, 2008). It is important for a steel to maintain a small 
subgrain size and a high dislocation density after long time exposure at high 
stress and high temperature, which is significant to high creep strength. The 
mechanism of strengthening is to retard the migration of dislocations and 
subgrain boundaries, and thus delay the accumulation of creep strain with 
time. Such mechanisms include (i) solid solution strengthening by formation of 
clouds of solute atoms around dislocations and (ii) interactions with fine 
particles which can be achieved by precipitation hardening. 
Solid solution strengthening has often been referred to in discussions of the 
effect of Mo and W on creep strength of 9-12 wt.% Cr steels. It has been 
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widely reported that during creep exposure at temperatures around 550–
650°C, most of the Mo and W in the steels will precipitate as intermetallic 
Laves phase. The dominating opinion was that this would cause creep 
instability in the steels because the solid solution strengthening effect from Mo 
and W would be lost while the precipitation hardening effect from Laves phase 
was believed to be negligible which is unable to compensate the loss of solid 
solution strengthening (Taneika, Abe and Sawada, 2003). This opinion 
seemed to be supported by the breakdown of long-term creep strength of 
some W-alloyed 9-11 wt.% Cr steels, and by the excellent long-term stability 
of the Mo-alloyed steels. However, the excellent long-term stability of the W-
alloyed 9Cr steel P92 seemed to contradict the opinion, and experimental 
evidence to demonstrate and quantify the solid solution strengthening 
mechanism is sparse. Nevertheless, the creep strengthening mechanisms of 
9-12 wt.% Cr steels are mainly solid solution strengthening and precipitation 
hardening. Review papers by Maruyama, Sawada and Koike (2001) and Hald 
(2008) presented relatively comprehensive explanations of the strengthening 
mechanisms. The loss of creep strength and a subsequent creep rupture can 
therefore be regarded as a result of the suppression of the creep 
strengthening effects during a creep test at high temperature. 
2.4.2 Creep strength loss in 9-12 wt.% Cr steels 
There are different views in terms of creep strength loss and rupture. Kushima 
et al. (1999) proposed that the enhanced recovery is the origin of the loss of 
rupture strength. There is also a new opinion (Zhao et al., 2011) that the solid 
solution strengthening effect is weakened during creep due to the 
redistribution of solute elements in the ferrite matrix and hence leads to the 
loss of creep strength. But the current dominating opinion is that the 
microstructural evolutions during high temperature creep causes cavity 
nucleation, growth and coalescence into microcracks which leads to the final 
creep rupture (Lee et al., 2006). The loss of creep ductility is also believed to 
be responsible for the creep strength loss. According to Maruyama, Sawada 
and Koike (2001), during long-term creep tests, the enhanced recovery of 
subgrain structure takes place along grain boundaries. Strain concentration 
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along the boundary regions forms grain boundary cracks, which results in the 
low ductility, the premature failure and the loss of rupture strength.  
In P92 steel, it is believed that the loss of rupture strength is strongly related 
to the formation of Laves phase. Maruyama, Sawada and Koike (2001) 
proposed that the drop of rupture strength starts when the precipitation of 
Laves phase has finished. Lee et al. (2006) believed that creep voids are 
nucleated at coarse Laves phase particles on the grain boundaries which 
trigger the brittle intergranular fracture. They also proposed that the ductile to 
brittle transition occurred when Laves phase reached an average diameter of 
130 nm. Another microstructural degradation is the coarsening of M23C6 
precipitates. Abe (2011) proposed that the addition of B can effectively 
suppress the coarsening of M23C6 as long as the B concentration is not 
excessive to form detrimental boron nitride. 
For the high Cr steels with 10 wt.% Cr or above, MX particles are consumed 
to form Z phase and the disappearance of the MX particles is found to 
correspond to the start of the loss of rupture strength. A comprehensive study 
of the conversion of MX to Z phase can be found in the paper by Cipolla et al. 
(2010). 
The improvement of creep strength has been an important subject to prevent 
premature fracture of high Cr heat resistant steels. Also research indicates 
that Re is an interesting element which can effectively delay the recovery of 
the dislocation substructure but the detailed mechanism has not been 
understood (Murata et al., 2005). Reduction of inclusions like alumina and 
MnS is another effective way to improve creep life of high Cr steels since they 
are regarded as preferential cavity nucleation sites in recently published 
research (Zhao et al., 2011). 
2.4.3 Creep cavitation and failure 
The fracture mode of Grade 92 steels has been found to be primarily one of 
two types – ductile transgranular and brittle intergranular fracture (Lee et al., 
2006). Brittle intergranular fracture can further divided into wedge cracking 
and isolated creep cavities (shown in Figure 2.19). Creep cavitation occurs in 
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all 9-12 wt.% Cr steels during creep and most of them creep-fractured with 
necking to some extent. In recent years, some P92 base metals exhibited low 
creep rupture ductility in the laboratory tests. It has been proved that during 
high temperature creep, the cavity nucleation, growth and subsequent 
coalescence of cavities is the cause of the final fracture. The ductility change 
is believed to be strongly related to the cavitation. Therefore it is of 
importance to understand the potential mechanisms of cavity nucleation and 
growth during creep.  
Formally, creep damage mechanics in uniaxial tension can be represented by 
a set of linear differential equations: 
𝜖̇ = 𝜖̇(𝜎, 𝑇, 𝐻, 𝐷𝑖) 
?̇? = ?̇?(𝜎, 𝑇, 𝐻, 𝐷𝑖)                            Equation 2.2 
?̇?𝑖 = ?̇?𝑖(𝜎, 𝑇, 𝐻, 𝐷𝑖) 
where the strain rate 𝜖̇ is a function of the applied stress 𝜎, temperature 𝑇, an 
evolving hardening parameter 𝐻 to represent primary creep and the set of 
evolving damage parameters 𝐷𝑖. 
Explicit functional forms for 𝜖̇, ?̇?, and ?̇?𝑖 are needed for lifetime prediction. A 
model of creep in precipitation strengthened alloys was proposed and 
developed by Dyson and McLean (1998):  
𝜖̇ = 𝜖0̇ sin ℎ(
𝜎(1−𝐻)
𝜎0
)                          Equation 2.3 
where 
𝜖0̇ = 𝑘′𝜌𝑚
1−Φ𝑝
Φ𝑝
𝑐𝑗𝐷𝑚                         Equation 2.4 
and 
𝜎0 =
𝑘𝑇
𝛼𝐺𝑏3
𝜎𝑜𝑟                               Equation 2.5 
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𝑘′ and 𝛼 are constants of the order unity, 𝜌𝑚 the mobile dislocation density, 
Φ𝑝 the particle volume fraction, 𝑐𝑗 the jog density, 𝐷𝑚 the volume diffusivity, 𝐺 
the shear modulus and 𝜎𝑜𝑟 the Orowan stress for particle by-pass. 
The creep damage mechanism can be described by introducing damage into 
Equation 2.3. During the creep process, the creep damage evolution can be 
classified into three engineering categories: thermally-induced, strain-induced, 
and environmentally-induced. A detailed description of various types of creep 
damage mechanism is listed in Table 2.4.     
Grain boundary creep cavitation is probably the most quoted form of damage 
and often erroneously regarded as being the only important manifestation of 
creep damage because it is the only damage mechanism having a strong 
influence on ductility in engineering alloys. However, in addition to grain 
boundaries, inclusions are also preferential cavity nucleation sites and 
sometimes in the grain interior (Eggler et al., 1988; Eggler, 1989). Both of 
intergranular and transgranular cavitation was observed by Gooch (1982) in a 
12Cr-Mo-V steel. It has been proved that cavities nucleate preferentially on 
sulphide, silicate, and oxide inclusions but subsequent propagation involves 
secondary nucleation on carbides in prior austenite or martensitic lath 
boundaries (Gooch, 1982; Eggler, 1989; Zhao et al., 2011).  
Quantitative measurements were carried out by Wu and Sandström (1995) in 
terms of the number of cavities, size, and cavitated area fraction on a number 
of interrupted and fractured 12Cr-Mo-V steel samples. It was found that the 
cavities initiate at an early stage of creep testing. Approximately 600 separate 
cavities per square millimetre with a size of 0.2 µm in diameter were observed 
after 21 h creep at 635oC and 80 MPa. Similar work was conducted on P92 
steels by Panait (2010), from the data published in this study, there is an 
average equivalent diameter of cavities varying from 1.2 µm to 2 µm in the 
samples tested at 600oC for 9497 h and 22547 h. The values increase to 
between 2 µm and 3.2 µm for 49721 h. For the samples tested at 650oC, 
higher values were found. For the sample tested for 2092 h, the average 
cavity size is between 2 µm and 3 µm, and the value goes up to between 3 
µm and 4 µm for 9211 h, and from 3 µm to 5 µm in the sample tested for 
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33308 h. Although some effort has been expended to investigate the 
relationship between creep cavitation and ductility change, there is still sparse 
evidence to systematically explain the low ductility fracture phenomenon in 
some P92 base metals. 
 
2.5 Summary 
A detailed literature survey has been carried out in this chapter to provide a 
comprehensive review of CSEF steels, particularly Grade 91 and 92 steels, in 
terms of their microstructures, heat treatment, and creep behaviours. It has 
been established that the long term creep rupture strength of CSEF steels is 
below the expectation of simple extrapolation of short term creep data. A 
number of microstructural degradation effects are thought to be responsible, 
which have been reviewed in this chapter, including the precipitation of new 
phases, the recovery of the dislocation sub-structure and reduction in the 
overall dislocation density, and the development of creep cavities in the 
microstructure. However, the mechanism of creep cavity nucleation and 
growth in CSEF steels has not been fully understood and established. The 
experimental work in this study will therefore emphasis on the investigation of 
creep cavitation behaviour and microstructural evolution to gain a deep 
understanding of how the composition and heat treatment of Grade 92 steels 
affects microstructure, creep strength and creep rupture ductility. 
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Figure 2.19 Fracture mechanism map of the P92 steels tested at 550, 600, and 650oC. 
The dashed line is the boundary between transgranular and intergranular fracture 
modes. The intergranular fracture field is further divided into wedge cracking and 
isolated creep cavities. 
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Table 2.4 Three categories of creep damage mechanisms, after Dyson and McLean (1998). 
Creep damage category Damage mechanism Damage parameter 𝑫 Damage rate ?̇? Strain rate ?̇? 
Strain-induced 
Cavity nucleation control; growth constrained 𝐷𝑁 =
𝜋𝑑2𝑁
4
= 𝜛 ?̇? =
𝑘𝑁
𝜖𝑢
𝜖̇ 𝜖̇ = 𝜖0̇ sin ℎ [
𝜎(1 − 𝐻)
𝜎0(1 − 𝜛)
] 
Cavity growth controlled by creep constraint 
𝐷𝑁 =
𝜋𝑑2𝑁
4
= 𝜛 
𝐷𝐺 = (
𝑟
𝑙
)2 
?̇? = 0 
?̇?𝐺 =
𝑑
2𝑙𝐷𝐺
𝜖̇ 𝜖̇ = 𝜖0̇ sin ℎ [
𝜎(1 − 𝐻)
𝜎0(1 − 𝜛)
] 
Dynamic subgrain coarsening 𝐷𝑠𝑔 = 1 − (
𝑟𝑠𝑔,𝑖
𝑟𝑠𝑔
) ?̇?𝑠𝑔 = (1 − 𝐷𝑠𝑔)
?̇?𝑠𝑔
𝑟𝑠𝑔
  
Multiplication of mobile dislocations 𝐷𝑑 = 1 − (
𝜌𝑖
𝜌
) ?̇?𝑑 = 𝐶(1 − 𝐷𝑑)2𝜖̇ 𝜖̇ =
𝜖0̇
(1 − 𝐷𝑑)
sin ℎ [
𝜎(1 − 𝐻)
𝜎0
] 
Thermally-induced 
Particle coarsening 𝐷𝑝 = 1 − (
𝑃𝑖
𝑃
) ?̇?𝑝 =
𝐾𝑝
3
(1 − 𝐷𝑝)
4 𝜖̇ = 𝜖0̇ sin ℎ [
𝜎(1 − 𝐻)
𝜎0(1 − 𝐷𝑝)
] 
Depletion of solid-solution elements 𝐷𝑠 = 𝛽Φ𝑝 ?̇?𝑠 = 𝐾𝑠𝐷𝑠
1
3(1 − 𝐷𝑠) 𝜖̇ =
𝜖0̇
(1 − 𝛽𝐷𝑠)
sin ℎ [
𝜎(1 − 𝐻)
𝜎0
] 
Environmentally-induced 
Fracture of surface corrosion product 𝐷𝑐𝑜𝑟 =
2𝑥
𝑅
 ?̇?𝑐𝑜𝑟 =
1
𝑅
(
𝐾𝑐𝜀̇
𝜖∗
)
1
2 𝜖̇ = 𝜖0̇ sin ℎ [
𝜎(1 − 𝐻)
𝜎0(1 − 𝐷𝑐𝑜𝑟)
] 
Internal oxidation 𝐷𝑜𝑥 =
2𝑥
𝑅
 ?̇?𝑜𝑥 =
𝐾𝑜𝑥
𝑅2𝐷𝑜𝑥
 𝜖̇ = 𝜖0̇ sin ℎ [
𝜎(1 − 𝐻)
𝜎0(1 − 𝐷𝑜𝑥)
] 
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CHAPTER 3 EXPERIMENTAL METHODS 
 
3.1 Materials and Testing Conditions 
3.1.1 Samples supplied prior to creep testing 
Three base metal samples were supplied with different compositions, 
although they all met the standard composition range of Grade 92. The 
compositions provided by the manufacturer are listed in Table 3.1 together 
with the ASME standard composition range. A more comprehensive 
compositional analysis including large numbers of trace elements was also 
provided by EPRI (see Table 3.2). 
The three base metals are designated as BM A, BM B and BM C. The three 
materials were made by different manufacturers using different production 
procedures. BM A is a pipe with a diameter of 610 mm and a thickness of 102 
mm with a length of 320 mm. BM B is also a pipe with an outer diameter of 
298 mm and a wall thickness of 30 mm. BM C is from a flat plate with the 
thickness of 50 mm, width of 100 mm and length of 700 mm. The heat 
treatment conditions are shown in Table 3.3. A large number of creep 
samples involved in this study were sectioned from these three base metals.  
Table 3.1 Chemical compositions of three Grade 92 base metals provided by 
manufacturers (wt.%, Fe in balance). 
Element C Si Mn P S Cr Ni Mo 
Base Metal A 0.10 0.23 0.48 0.013 0.008 8.88 0.40 0.42 
Base Metal B 0.13 0.22 0.56 0.013 0.002 8.74 0.28 0.38 
Base Metal C 0.093 0.23 0.40 0.011 0.001 9.07 0.20 0.43 
ASME Min. 0.07 - 0.30 - - 8.50 - 0.30 
ASME Max. 0.13 0.50 0.60 0.020 0.010 9.50 0.40 0.60 
 
W V Nb B Al Ti Co Cu N 
1.78 0.19 0.060 0.0029 0.001 0.003 0.010 0.018 0.0468 
1.61 0.19 0.060 0.0023 0.015 0.002 - - 0.048 
1.87 0.19 0.058 0.0035 0.002 - - - 0.051 
1.50 0.15 0.04 0.001 - - - - 0.030 
2.00 0.25 0.09 0.006 0.020 0.010 - - 0.070 
 
45 
 
Table 3.2 Chemical compositions of three Grade 92 base metals analysed by EPRI 
(wt.%). 
 Element Base Metal A Base Metal B Base Metal C Method 
M
a
in
 A
ll
o
y
in
g
 E
le
m
e
n
ts
 
B 0.0041 0.0041 0.0042 ICP-OE 
Cr 8.797 8.776 8.939 ICP-OE 
Fe 87.18 87.66 87.58 ICP-OE 
Mn 0.49 0.54 0.4 ICP-OE 
Mo 0.43 0.33 0.43 ICP-OE 
Nb 0.062 0.056 0.054 ICP-OE 
Ni 0.38 0.25 0.19 ICP-OE 
Si 0.211 0.182 0.252 ICP-OE 
V 0.188 0.191 0.189 ICP-OE 
W 1.836 1.617 1.794 ICP-OE 
C 0.113 0.131 0.093 Combustion 
N 0.045 0.0468 0.0508 IGF 
Im
p
u
ri
ti
e
s
 
Al 0.002 0.015 0.001 ICP-OE 
Cu 0.189 0.135 0.001 ICP-OE 
O 0.0053 0.0022 0.0043 IGF 
P 0.009 0.012 0.009 ICP-OE 
S 0.008 0.001 0.001 Combustion 
T
ra
m
p
s
 
Sn 0.016 0.008 <0.001 ICP-OE 
As 0.0064 0.0082 <0.0001 ICP-MS 
Pb 0.0001 <0.0001 <0.0001 ICP-MS 
Sb 0.0016 0.001 <0.0001 ICP-MS 
Bi <0.0001 <0.0001 <0.0001 ICP-MS 
O
th
e
rs
 
Ca 0.002 0.002 0.001 ICP-OE 
Co 0.015 0.016 <0.001 ICP-OE 
La <0.001 <0.001 <0.001 ICP-OE 
Nd <0.001 <0.001 <0.001 ICP-MS 
Ta <0.001 <0.001 <0.001 ICP-MS 
Ti 0.001 0.001 <0.001 ICP-MS 
Zr <0.001 <0.001 <0.001 ICP-MS 
 
Table 3.3 Heat treatment conditions of three base metals. 
 Normalizing Tempering Post-weld heat 
treatment 
Base 
Metal A 
1066±14oC for 2.5 h 
then forced fan cool 
777±14oC for 4.5 h 
then air cool 760
oC for 5 h 
Base 
Metal B 
1060oC 770oC None 
Base 
Metal C 
1070oC for 4 h then 
forced fan cool 
780oC for 1 h then 
air cool None 
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3.1.2 Samples supplied after creep failure 
Crept samples were supplied by several different sources. The supplier (S) of 
BM A, hereafter called SA, provided 13 crept samples with 4 different 
compositions and heat treatment conditions (see Table 3.4). The creep test 
information of the 13 samples is shown in Table 3.5. 
Table 3.4 Chemical compositions and heat treatment conditions of SA samples, 
provided by supplier. 
Heat Normalising Tempering C Mn P S Si Cr 
94566 1071oC  777oC  0.09 0.47 0.014 0.006 0.35 8.7 
95494 1071oC  777oC  0.09 0.49 0.01 0.003 0.36 8.71 
105988 1066oC  777oC  0.11 0.44 0.015 0.002 0.34 8.82 
105512 1066oC  777oC  0.11 0.47 0.012 0.004 0.37 8.97 
 
Ni Mo V Al W B Nb N 
0.38 0.39 0.18 0.005 1.84 0.0036 0.057 0.0464 
0.13 0.39 0.18 0.005 1.79 0.0037 0.058 0.0443 
0.13 0.41 0.198 0.006 1.946 0.0036 0.058 0.0403 
0.16 0.4 0.196 0.007 1.905 0.0036 0.059 0.0419 
 
 
Table 3.5 Creep testing conditions, creep life and reduction of area of 13 SA creep 
samples, data provided by manufacturer. 
Sample Heat Test 
temperature 
(oC) 
Test 
stress 
(MPa) 
Lifetime 
(h) 
Reduction 
in area (%) 
SA8 105512 550 224.5 6630 67 
SA5 105988 202 10823 69.3 
SA1 94566 200 11326 58.7 
SA46 94566 197.9 16864 17 
SA6 105988 600 152.5 4876 58.1 
SA2 94566 118.6 10670 8 
SA3 94566 132.4 11057 2.5 
SA103 95494 132 13326 8.9 
SA74 105988 137.2 19124 8.39 
SA7 105988 650 79.2 8377 3.2 
SA86 105512 82.2 9037 12.96 
SA104 95494 79.2 10682 5.37 
SA71 94566 62.5 25187 2.44 
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The supplier of BM B, hereafter called SB, provided 8 crept samples with 3 
different compositions (see Table 3.6). Some of the 8 samples were taken 
parallel to the longitudinal direction of the pipe. Others were parallel to the 
transverse direction. Table 3.7 gives the information of the original steel pipe. 
The detailed information of sample direction, geometry and creep testing 
conditions are listed in Table 3.8. 
One of the industry partners, CRIEPI, made a large number of creep samples 
from the three base metals. Six selected plain bar and notched bar samples 
were provided by them after creep test. Figure 3.1 shows the sample 
geometries of these bars. The test conditions and failure information are 
shown in Tables 3.9 and 3.10. The three plain bar samples were taken from 
the steels provided by different suppliers and creep tested in parallel at the 
same condition to investigate the effect of the fabrication routes.  
Table 3.6 Chemical compositions (wt.%, Fe in balance) and heat treatment conditions 
of SB samples, provided by supplier. 
Heat C Mn P S Si Cr Mo V 
170968 0.110 0.42 0.014 0.002 0.17 9.6 0.47 0.21 
183572 0.130 0.46 0.018 0.004 0.12 8.96 0.48 0.19 
197896 0.100 0.47 0.018 0.004 0.16 8.87 0.49 0.15 
 
Ni B N Al W Nb 
0.23 0.0022 0.049 0.003 1.62 0.063 
0.19 0.0025 0.048 0.004 1.58 0.052 
0.15 0.0027 0.052 0.004 1.67 0.060 
 
Table 3.7 Original pipe geometry and heat treatments of SB samples. 
Product Heat Product form 
Dimensions 
(mm) 
Production 
Process Normalising Tempering 
1 170968 Pipe 480×35 Press drawing 
1050oC  
10 min/Air 
770oC  
70 min/Air 
2 170968 Pipe 329.9×25 Pilgering 1060
oC  
1 h/Air 
770oC  
140 min/Air 
3 183572 Pipe 508×94 Press drawing 
1050oC  
10 min/Air 
770oC  
90 min/Air 
4 197896 Pipe 460×80 Press drawing 
1050oC  
10 min/Air 
770oC  
60 min/Air 
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Table 3.8 Sample information, creep testing conditions, creep life, rupture elongation 
and reduction of area of 8 SB creep samples, data provided by manufacturer. 
Sample Product Test piece direction Test piece diameter (mm) 
SB 1 1 Transverse 10 
SB 2 2 Longitudinal 6 
SB 3 1 Transverse 6 
SB 4 2 Longitudinal 6 
SB 5 3 Transverse 10 
SB 6 4 Transverse 10 
SB 7 3 Transverse 10 
SB 8 4 Transverse 10 
 
Temperature 
(oC) 
Stress 
(MPa) 
Time to 
rupture (h) 
Rupture 
elongation (%) 
Reduction of 
area (%) 
600 120 26321 4.1 7 
600 120 49721 7.5 16 
600 160 7780 4.9 4 
600 160 9497 18.7 68 
650 105 1390 13 28.9 
650 107 2937 6.9 10.8 
600 150 6912 9.4 24.6 
600 150 17116 6.2 8.9 
 
 
 
Figure 3.1 Sample geometries of (a) plain bar samples and (b) notched bar samples, 
courtesy to Siefert, J., EPRI. 
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Table 3.9 Parallel plain bar creep test of BM A, B and C. 
Sample Base metal Temperature (oC) Stress (MPa) 
G92-30 BM A 650 90 
G92M-9 BM B 
G92J-15 BM C 
 
Life (h) Elongation (%) ROA (%) CRIEPI data ROA (%) EPRI data 
3945 11.2 26.0 20.7 
8593 8.1 16.3 15.6 
14190 11.2 42.2 32.2 
 
Table 3.10 Parallel notched bar creep test of BM A, B and C. 
Sample Base metal Temperature (oC) Stress (MPa) 
G92-33 BM A 650 112 
G92M-21 BM B 
G92J-23 BM C 
 
Life (h) Elongation (%) ROA (%) CRIEPI data ROA (%) EPRI data 
2844.5 1.6 2.5 3.65 
4890.6 1.2 1.2 3.65 
8835.2 1.9 1.9 2.50 
 
The three notched bar samples were also creep tested in parallel. They were 
used to accelerate the creep damage mechanisms that normally occur in long 
term creep only. The presence of a notch increases the stress triaxiality in the 
minimum cross section of the sample. In Figure 3.2, the notched bar is 
schematically illustrated, where the maximum normal stress at stress raiser 
can be obtained by: 
𝜎𝑚𝑎𝑥 = 𝜎𝐴 = 𝐾𝑡 · 𝜎𝑛𝑜𝑚                           Equation 3.1 
𝜎𝑛𝑜𝑚 = 4𝑃 𝜋𝑑
2⁄                                 Equation 3.2 
where Kt is the theoretical stress concentration factor in elastic range, which 
can be obtained by: 
𝐾𝑡 = 𝐶1 + 𝐶2
2ℎ
𝐷
+ 𝐶3(
2ℎ
𝐷
)2 + 𝐶4(
2ℎ
𝐷
)3               Equation 3.3 
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The constants, C1, C2, C3, and C4, are determined by the ratio of notch depth 
h and notch radius r, as shown in Table 3.11 (Pilkey and Pilkey, 2008).  
 
    
Figure 3.2 Schematic illustration of (a) U-shaped circumferential groove in circular 
shaft, where D is the bar diameter, h is the notch depth, r is the radius of the groove 
root, d is the diameter of the grooved section; and (b) the bar under the condition of 
axial tension, where P is the applied axial force, and A is the cross sectional area of the 
grooved section. After Gunwant and Singh (2013). 
 
Table 3.11 Formulas for determination of constants C1, C2, C3, and C4 values, after 
Pilkey and Pilkey (2008). 
 0.1 ≤ ℎ/𝑟 < 2.0 2.0 ≤ ℎ/𝑟 ≤ 50.0 
C1 0.89 + 2.208√ℎ/𝑟 − 0.094ℎ/𝑟 1.037 + 1.967√ℎ/𝑟 + 0.002ℎ/𝑟 
C2 −0.923 − 6.678√ℎ/𝑟 + 1.638ℎ/𝑟 −2.679 − 2.980√ℎ/𝑟 − 0.053ℎ/𝑟 
C3 2.893 + 6.448√ℎ/𝑟 − 2.516ℎ/𝑟 3.090 + 2.124√ℎ/𝑟 + 0.165ℎ/𝑟 
C4 −1.912 − 1.944√ℎ/𝑟 + 0.963ℎ/𝑟 −0.424 − 1.153√ℎ/𝑟 − 0.106ℎ/𝑟 
 
 
3.1.3 Other samples involved in this study 
A welded pipe was also provided by supplier A (SA-virgin), primarily designed 
for a parallel project focusing on Grade 92 weld metal and heat affected zone 
microstructures but of great use in this research to provide a controlled 
sample set. The base metal part of the pipe was used in this project for heat 
(a) (b) 
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treatment tests and subsequent microstructural analysis. Interrupted creep 
samples from the same material at different creep stages were also supplied 
for investigating microstructural evolution and cavity nucleation and growth. 
The chemical compositions and creep test information are shown in Tables 
3.12 and 3.13.  
Table 3.12 Chemical composition (wt.%, Fe in balance) of the parent metal of the 
welded pipe (SA-virgin). 
B Cr Mn Mo Nb Ni Si V W 
0.0043 8.6 0.46 0.39 0.066 0.38 0.31 0.184 1.758 
 
C N Al Cu P S Sn Ca Co 
0.1 0.0418 0.008 0.23 0.012 0.005 0.01 0.0027 0.03 
 
Table 3.13 Information of the interrupted creep samples made from the parent metal of 
the welded pipe, both provided by SA. 
Sample Normalising (oC) 
Tempering 
(oC) 
Post-weld 
heat 
treatment  
Temperature 
(oC) 
Stress 
(MPa) 
Interrupted 
time (h) 
W8 1065 777 732
oC/2h 625 80 5k, 8k, 11k W9 760oC/2h 
 
 
3.2 Metallurgical Sample Preparation 
The samples were sectioned using a Struers Accutom-5 cutting machine with 
an alumina slitting disk, then subsequently mounted in conducting Bakelite, 
followed by grinding using 240 to 1200 grit SiC in a resin bond, and polishing 
on standard cloths with diamond suspensions down to 1 µm. Villela’s reagent 
(1 g picric acid, 4 ml HCl and 100 ml ethanol) was used to etch the sample for 
about 15 seconds to reveal the martensitic structure before the optical 
examination. Further polishing with a 0.02 µm colloidal silica suspension for 
up to 30 minutes was applied to the samples for SEM examination, ion beam 
imaging and EBSD analysis. This is considered to be effective in removing 
surface mechanical deformation.     
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3.3 Thermodynamic Calculations 
Thermodynamic calculations were performed to give a prediction of the 
phases likely to be present at equilibrium in the Grade 92 steels with the given 
compositions of the materials used in this research. The software package 
Thermo-Calc was utilised for the calculations in conjunction with the 
thermodynamic database TCFE version 6, specifically designed for steels and 
Fe-alloys. The software uses CALPHAD approach where thermodynamic 
functions expressed as polynomials are used to predict higher order systems 
by extrapolating from descriptions of lower order systems. It is based on the 
principle that at equilibrium the system Gibbs energy is at a minimum. 
Thermo-Calc calculates the Gibbs energy contribution for every phase in a 
multi-component system and sums them up, so for equilibrium:  
𝐺 = ∑ 𝑛𝑖𝐺𝑖
𝑚𝑛
𝑖=1 = 𝑚𝑖𝑛𝑖𝑚𝑢𝑚                      Equation 3.4 
where ni is the moles of phase i and Gim is the molar Gibbs energy of phase i. 
Valuable information of phase fractions, compositions, driving forces etc. at 
this minimum can therefore be obtained. 
The chemical compositions and the testing temperatures were input into the 
programme for the phase prediction in equilibrium. Calculations were carried 
out over the temperature range 300 to 1500oC which covers the creep testing 
temperatures (550, 600, and 650o C) and BN dissolution temperature (lower 
than 1200oC) (Li et al., 2013). The chemical composition of each predicted 
phase was calculated. The mass fractions of the predicted second phases 
such as Laves phase, M23C6, and Z-phase/MX at different creep testing 
temperatures were also obtained.  
 
3.4 Optical Microscopy 
Two optical microscopes (OM) were used in this project. The first is a 
Reichert-Jung MEF3 microscope which is equipped with a tungsten halogen 
filament light source. The optical images were captured using a digital camera 
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and acquired via QCapture software. The second microscope is a Nikon 
OPTIPHOT-100 with a Leica DFC350 FX camera. The magnification of the 
two microscopes typically ranged from 50 to 1000. The images were 
analysed using the software package ImageJ. Optical microscopy was used 
to study the general microstructures of the samples in this project.  
 
3.5 Scanning Electron Microscopy 
The Scanning Electron Microscope used in this project was a Leo Carl Zeiss 
1530 VP Field Emission Gun Scanning Electron Microscope (FEG-SEM), 
which enables visualisation of surface features of the specimen with an 
achievable resolution of 1 nanometre. The FEG-SEM is equipped with a 
combined analytical system from Oxford Instruments consisting of an X-max 
80 Energy Dispersive Spectroscopy (EDS) Silicon Drift Detector (SDD) and a 
Nordlys F Electron Backscatter Diffraction (EBSD) camera both run using 
Aztec software. This versatile instrument is capable of examining 
microstructures and carrying out chemical and crystallographic analysis.  
3.5.1 SEM imaging 
Three imaging modes in the FEG-SEM, secondary electron, backscattered 
electron and in-lens, were used in this study dependent on the characteristics 
of the features being examined.  
The secondary electron and backscattered electron modes were commonly 
used for imaging general microstructures, voids and creep damage, and some 
of the second phase particles. Backscattered electrons possess higher energy 
than secondary electrons and therefore can escape from a larger interaction 
volume in the sample subsurface. This leads to a lower spatial resolution of 
backscattered electron mode than secondary electron mode. However, the 
intensity of backscattered electron signal provides benefits in terms of 
examining high atomic number features such as W rich Laves phase (much 
brighter appearance than in secondary electron mode) and low atomic 
number features such as BN, and even voids/damage/cracks (much darker 
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appearance than in secondary electron mode). The accelerating voltage 
(EHT) selected for both imaging modes ranges from 5 kV to 20 kV with the 
aperture size of 30 µm in diameter to yield good atomic number contrast.  
The other powerful imaging mode frequently used in this project is called in-
lens imaging mode. The annular in-lens secondary electron detector is 
capable of detecting the secondary electrons which develop in the immediate 
spot centre to form images with good contrast and high signal-to-noise ratio. 
One of the advantages of the in-lens detector is its high efficiency with regard 
to the detection of SE1 electrons, the secondary electrons directly generated 
by the primary electrons. The position of the in-lens detector within the beam 
path excludes the detection of backscattered electrons and secondary 
electrons of the categories SE2, the secondary electrons generated by the 
backscattered electrons when they pass through the specimen surface, and 
SE3, the secondary electrons generated by the backscattered electrons when 
they impinge onto the pole pieces and other parts of the optical system and 
specimen chamber. Both SE2 and SE3 signals carry information similar to 
that of backscattered electrons. In-lens technique itself provides an efficient 
way to significantly reduce the contribution of SE2 and SE3 signals to the 
collected SE signal, and therefore reveal the pure information on the surface 
of the sample. The in-lens technique has been developed to be an important 
method in this project to study inclusion particles especially the BN-type.   
3.5.2 Energy dispersive X-ray analysis  
Energy dispersive X-ray spectroscopy (EDS) was carried out in SEM 
examination to obtain chemical information of various phases in Grade 92 
steels. This technique allows manual spot analysis or automated scanning of 
a specified area. The chemical composition is determined by collecting 
information from X-rays emitted from the sample surface. The X-rays are 
generated by the bombardment of electron beam and the X-ray signals from 
the interacted volume (see Figure 3.3) are collected and analysed by the EDS 
detector attached to the SEM, resulting in a quantified chemical composition. 
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In this project, the most used parameters for EDS analysis in FEG-SEM were 
a working distance of 8.5 mm and an accelerating voltage of 10 kV with an 
aperture size of 120 µm, to yield a good X-ray signal intensity. The 
parameters in FIB-SEM are usually a working distance of 5 mm and an 
accelerating voltage of 10 kV with an aperture size of 60 µm. A detailed 
introduction of the FIB system will be presented later in Section 3.6. 
3.5.3 Electron backscatter diffraction analysis  
Electron backscatter diffraction (EBSD) is an SEM-based technique 
applicable to crystalline materials. This technique can be used to index and 
identify the seven crystal systems to achieve misorientation mapping, phase 
discrimination, and using complementary techniques (e.g. EDS) to identify 
intermetallic phases. As shown in Figure 3.4, when an electron beam 
bombards onto a crystalline material, the electron scattering in the specimen 
causes electrons to travel in all directions beneath the surface of the incident 
point. Some of the backscattered electrons will satisfy the Bragg condition (+θ 
and -θ) and are diffracted into cones of intensity with a semi-angle of (90o-θ), 
with the cone axis normal to the diffracting plane. These pairs of flat cones 
intercept the imaging plane and are imaged as two nearly straight Kikuchi 
lines separated by an angle of 2θ (Michael, 2005). The angle for diffraction 
from a given set of planes is called the Bragg angle and is given by: 
𝜆 = 2𝑑 sin 𝜃                                     Equation 3.5                
where d is the spacing of the atomic planes, λ is the wavelength of the 
electron and θ is the Bragg angle for diffraction. 
A typical electron backscatter diffraction pattern consists of a large number of 
parallel lines of intensity which essentially reflects a map of the angular 
relationships that exist within the crystal. To record EBSD patterns, a 
commercial CCD camera with a phosphor screen is installed inside the SEM 
sample chamber.  
In this project, the EBSD analysis was performed using an EDAX Hikari 
camera attached to an FEI Nova 600 Nanolab FEGSEM/FIB dual beam 
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system. The pre-tilt angle of the sample with respect to the direction of the 
electron beam is 70o. Samples for EBSD analysis were rigorously polished to 
an extreme fine finish using a 0.02 µm colloidal silica suspension for 30 to 40 
minutes. The analysis was conducted using an accelerating voltage of 20 kV 
with an aperture size of 50 µm. 
 
Figure 3.3 Electron interaction volume generated by high-energy electron beam, after 
Wittke (2008). 
 
Figure 3.4 Illustration of the formation of Kikuchi bands from backscattered electron 
diffraction, after Schwartz (2000). 
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3.6 Focused Ion Beam 
The focused ion beam (FIB) system is equipped with a secondary electron 
beam to form a dual beam system which makes the instrument versatile to 
deal with various demands of microstructure investigation. The FIB system 
uses a gallium ion beam source to raster over the surface of a sample in a 
similar way as the electron beam in an SEM. Since the size and the 
bombardment energy of an ion are much larger than an electron, ion beam 
enables to remove materials from the targeted area of the sample. The ion 
beam is capable of achieving both imaging and micro-milling. When the ion 
beam is operated at low beam current, the secondary electrons induced by 
the ion beam are emitted from the sample surface which can be collected for 
imaging. However, when the ion beam is operated at high beam current, the 
ion beam is capable of removing materials to achieve micro-milling. This is 
application was used in the three-dimensional cross-sectioning analysis and 
the preparation of TEM lift-out samples. An FEI Nova 600 Nanolab 
FEGSEM/FIB dual beam system was employed in this project. 
3.6.1 Ion beam imaging and image processing 
The FIB uses a liquid gallium source that has an achievable resolution of 5 
nm with strong compositional and channelling contrast. In Grade 92 steels, 
the compositional contrast mainly originates from the conductivity difference 
between the non-conductive second phase particles (such as M23C6 carbides 
and BN/MnS/Al2O3 impurities) and the matrix, while the channelling contrast is 
from the difference in crystallographic orientation (shown in Figure 3.5). To 
obtain both strong conductivity contrast and to avoid channelling contrast, the 
acquisition set-up and beam current need to be carefully controlled. This is 
achieved by using a low beam current (30-100 pA depending on 
magnification) and a single slow scan (~90 s) to produce the desired level of 
etching.  
In the Grade 92 creep samples, the Laves phase precipitates showed a 
similar contrast to the M23C6 particles in the ion images. An additional flow of 
insulator enhanced etch (IEE), XeF2, was used to remove the contrast from 
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the Laves phase but keep the contrast between the M23C6 and the matrix 
(shown in Figure 3.6). 
The ion beam imaging technique was mainly used to quantify M23C6 particles 
in G92 steels in this project. Measurement of the particle sizes, numbers and 
distributions were carried out by processing the ion beam images (800×800 
pixels) using the software package ImageJ 1.46r. The particles less than 5 
pixels in the images were excluded from the quantification to avoid image 
noise and artefacts. 
3.6.2 Three dimensional analysis 
Three dimensional analysis is achievable in the FIB system due to the 
capability of micro-milling for specific areas. This technique was employed in 
this project mainly for the analysis of intact creep cavities and BN inclusions in 
terms of their real shape and size in the sample subsurface area. As shown in 
Figure 3.7, more information from subsurface is revealed in the image taken 
at 30 kV compared to the one taken at 10 kV because when a higher 
accelerating voltage is applied, the electrons are able to penetrate deeper into 
the subsurface area to help target those cavities and inclusion particles 
beneath the sample surface. A platinum layer with a thickness of ~1-1.5 µm 
was then deposited onto the targeted area to prevent the removal of surface 
material from the region of interest by the ion beam (see Figure 3.8). 
Rectangles 10 µm deep were cut in front of and to both sides of the region of 
interest using a current of 20 nA. A subsequent cleaning cross section was 
applied using a current of 7 nA to polish the front wall to achieve a clean 
cross-sectional finish.  
The collection of the image data stack was achieved by activating the iSPI 
(intermittent simultaneous patterning and imaging) function during the serial 
sectioning at the current of 1 nA. The iSPI enabled SE images to be recorded 
after each layer of material was sliced off. To obtain high quality images, the 
image resolution of 1024×1024 pixels was selected. A commercial software 
package, Azivo 6, was used to process the data stack to achieve the three 
dimensional reconstruction.  
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3.6.3 Thin foil TEM lift-out sample preparation  
The FIB system is also capable of preparing high quality thin foil TEM lift-out 
samples. In this project, one of the advantages of using this technique is to 
help investigate specific areas in G92 steels such as subsurface cavities, BN 
identify inclusions and irreversible ferrite. The preparation of thin foil lift-out 
samples share some similar procedures as three dimensional ‘slice and view’. 
For example subsurface features can be identified in a similar manner using 
high kV BSE imaging. As shown in Figure 3.9, a relatively thick Pt-layer 
(typically 2 µm) was used to protect the surface of the sample and enable 
homogenous final thinning with the ion beam. Staircase shaped cuts with 
dimensions 28 µm x 12 µm x 10 µm were cut in front and behind the Pt layer 
using a 20 nA beam current.  The sides of the cross-sections adjacent to the 
Pt layer were cleaned up using a cleaning cross section (this is where the ion 
beam approaches the cross-section on a line by line basis) using a current of 
7 nA. U-shape cut was then applied to the TEM sample leaving a bridge to 
retain a connection with the sample bulk to prevent the sample from falling. 
Samples were subsequently lifted out by attaching an omniprobe 
micromanipulator to the surface of the lamellar using a Pt weld, cutting the 
connecting bridge and simply lifting the sample out by lowering the stage. The 
TEM lamellar is then attached to a TEM half grid (both Cu and Mo grids were 
used in this project) using a Pt weld and the probe subsequently detached by 
milling away the connection between sample and probe. Samples were then 
thinned to electron transparency using sequentially lower beam currents 
starting with 1 nA and finishing with 300 pA. 
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Figure 3.5 Ion beam induced secondary electron images of a 10Cr steel collected after 
short (a) and prolonged (b) ion beam exposures showing M23C6 particles (dark) and 
grain orientations respectively, courtesy of West, G.D. 
   
Figure 3.6 Ion images of G92 sample aged at 600oC for ~8000 h showing the effect if 
XeF2 etch on the contrast of Laves phase: (a) ion beam scanning; (b) XeF2 flow turned 
on. 
(a) (b) 
5 µm 
(a) Ion beam  (b) Ion beam + XeF2 flow 
Laves phase Contrast from Laves phase 
removed 
5 µm 
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Figure 3.7 Secondary electron images of a same area in the middle of the gauge 
section of a crept G92 sample, taken at different accelerating voltages: (a) 10 kV, and 
(b) 30 kV. The subsurface cavity in (b) is arrowed. 
 
     
Figure 3.8 Images showing the preparation of the three dimensional analysis, the 
status before and after the serial sectioning: (a) Pt-layer and trenches; (b) deposition of 
Pt-layer protect the volume to analyse; (c) target volume removed by serial sectioning.  
     
(a) 10 kV (b) 30 kV 
(a) (b) (c) 
Pt-layer  
(1-1.5 µm) 
Trenches 
Polished using 7 nA 
cleaning cross section 
(a) (b) (c) 
Pt-layer (2 µm) 
Trenches 
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Figure 3.9 Typical procedures of the preparation of a TEM lift-out sample: (a) deposit a 
2 µm thick Pt-layer onto the interested area; (b) cut trenches in the front and back side 
of the interested area; (c) U-shape cut and weld the OmniProbe needle tip onto the 
sample; (d) lift the sample out and weld onto the sample holder grid; (e) finally thin 
down to 150-200 nm. 
 
3.7 Transmission Electron Microscopy 
Two Transmission Electron Microscopes (TEM) were employed in this project. 
The first one was a JEOL 2000FX TEM equipped with an Erlangshen 
ES500W digital camera and an Oxford Instrument Inca Link EDS system. The 
other one was a FEI Tecnai F20 FEGTEM equipped with a Gatan mulitscan 
CCD camera, a Fischione high angular annual dark field detector (HAADF), a 
large area (80 mm2) windowless silicon drift detector (SDD) energy dispersive 
spectrometer (EDS) and a Gatan ENFINA electron energy loss spectrometer 
(EELS). The main purpose of using the two instruments in this project is to 
identify phases both chemically and crystallographically, and to investigate the 
chemical distribution of precipitates such as MX carbonitrides. Two types of 
TEM samples were analysed, FIB prepared thin foil lift-outs (described in the 
last section) and the carbon extraction replica samples.  
3.7.1 Preparation of carbon extraction replica samples 
Carbon extraction replica samples are useful for the characterisation of small 
second phase particles. One of the benefits of this technique is to avoid the 
effect of the ferritic matrix in EDS analysis, since the matrix is fully removed 
from the particles and therefore the chemical compositions of the particles can 
be determined more accurately. In addition, carbon extraction replicas can 
(d) (e) 
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present a much larger examinable area than thin foil lift-outs. Furthermore, the 
replicas can preserve and reflect the relative positions of second phase 
particles. 
A schematic illustration of the steps of the preparation of carbon extraction 
replica samples is shown in Figure 3.10. A typical G92 sample needs to be 
firstly mounted and polished down to 1 µm surface finish then to apply a light 
chemical etch to remove a thin layer of the matrix but leave the second phase 
of interest exposed and intact. To achieve this, a ~10 s chemical etch by 
Vilella’s reagent was carefully carried out. A carbon film was deposited onto 
the surface of the light etched sample using a Quorum Q150T ES carbon 
Evaporator, in which a carbon arc source was operated in a 10-5-10-4 Pa 
vacuum. A carbon film coating with a thickness of ~20 nm was deposited that 
had a characteristic dark brown colour. After the deposition of the carbon 
coating, the coated surface was scored into ~3×3 mm squares using a blade 
as the diameter of a copper grid is 3 mm. An electrolytic etch was then 
performed to remove the carbon film off the sample. The coated and scored 
sample was rinsed into a pre-prepared beaker containing 10% HCl in 
methanol with a voltage of 1-3 V and a current of 30-50 mA. The sample was 
taken out after ~15 s etch and rinsed into another beaker with pure methanol 
to remove the residual electrolyte. Subsequently the sample was carefully 
immersed into a pre-prepared third beaker containing distilled water at a 45o 
entering angle. The carbon film broke into squares during the immersion into 
the distilled water and floated on the water. Those floating carbon film squares 
were carefully fished out and deposited onto 400 mesh square copper grids 
using tweezers. After a natural air drying, the carbon extraction replica 
samples were prepared and stored in a TEM specimen support grids.  
3.7.2 TEM imaging and energy dispersive X-ray analysis 
In the JEOL 2000FX TEM, bright field (BF) and dark field (DF) imaging modes 
were both used. In the Tecnai the system was operated in Scanning 
Transmission Electron Microscope (STEM) mode and bright field (BF) and 
high angular annual dark field (HAADF) modes were used for imaging. It is 
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noteworthy that HAADF mode provides strong atomic number contrast and is 
therefore advantageous for imaging precipitates. 
The two TEMs were both equipped with EDS systems. The working principle 
of TEM-based EDS is similar to the SEM-based ones. The EDS equipped with 
the JEOL 2000FX TEM is capable of doing spot analysis only due to the fact 
that the microscope is not fitted with scan coils, whilst the EDS in Tecnai is 
more versatile to deal with not only spot analysis but also line scan and 
mapping for specific areas. To achieve statistically valid data and to provide 
reliable chemical information, in most cases more than 100 particles were 
analysed for each sample using an acquisition live time of 50 s with the 
detector deadtime below 30%. 
3.7.3 Electron diffraction 
Selected area diffraction technique provides crystallographic information of 
the analysed phase as a complementary method to the chemical information 
to identify phases in TEM. In this project, all the work on electron diffraction 
was carried out on the JEOL 2000FX TEM for consistency. Figure 3.11 
illustrates the basic principle of the formation of the selected area diffraction 
pattern. When the incident electron beam hits onto a crystalline area in the 
sample, the diffracted electrons which satisfy the Bragg condition for the d-
spacing of the local crystalline planes become the origin of the diffracted spots 
in the diffraction pattern. To index the diffraction pattern, the distance between 
the transmitted spot and the diffracted spots (Rhkl) need to be measured. 
Together with the camera length (L) and the wavelength associated with 
electrons (λ), the spacing (dhkl) for the Bragg hkl indices can be calculated by 
the equation: 
𝑅ℎ𝑘𝑙𝑑ℎ𝑘𝑙 = 𝐿𝜆                                     Equation 3.6 
where Lλ is the camera constant. The wavelength of electrons is related to the 
accelerating voltage and can be calculated by the equation: 
𝜆 = √
ℎ
2𝑚𝜀𝑒𝑉
                                       Equation 3.7 
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where h is Plank’s constant, mε is the electron mass, e is the charge on the 
electron, and V is the accelerating voltage. In this project, the accelerating 
voltage of the TEM is 200 kV, and therefore the electron wavelength (λ) is 
0.0251 Å. Also a diffraction ‘ring’ pattern of a pure aluminium sample was 
used as calibration standard to measure the camera length (L). 
 
Figure 3.10 Illustration of the preparation of carbon extraction replica samples: (a) the 
flat surface of the two phase (or more) material is (b) light chemical etched and (c) 
carbon coated; (d) an additional electrolytic etch then lifts off the replica containing 
some second phase particles extracted.  
Table 3.14 Details of quantitative analysis of the key microstructural features in this 
study. 
 
Microscope 
component 
used 
Typical 
sampling 
area (µm2) 
Minimum  
quantifiable 
size (µm) 
Data obtained and 
processing method 
Creep 
cavities BSD imaging 680000 0.4 
Particle size, number 
density and area 
fraction; processed 
by software package 
ImageJ 
Boron 
nitride 
BSD imaging 
plus in-lens for 
comparison 
1536000 0.25 
Laves 
phase BSD imaging 6500 0.15 
M23C6 Ion SE imaging 2000 0.04 
MX TEM-based EDS - - 
V/Nb/Cr chemical 
composition ternary 
plot; processed by 
Origin 9.0 
 
a) b) 
c) d) 
Depth 
of etch 
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Figure 3.11 A schematic diagram of selected area diffraction formation showing the 
relationship between the camera length, distance on the diffraction and the Bragg 
angle. 
 
3.8 Quantification of Phases and Creep Voids 
Characterisation of the second phase particles, as well as the creep cavities 
in G92 steels, is one of the most important parts in this study. To thoroughly 
understand the microstructural evolution, the creep behaviour, and their 
relationships, quantitative analysis of these microstructural features are 
important. The key settings of microscopes, the particle parameters 
measured, the image processing parameters and some other relevant details 
are listed in Table 3.14. It is notable that usually 5 pixels were set for the 
minimum size for any image quantification to remove noise and artefacts.  
 
3.9 Heat Treatment by Furnace and Dilatometer 
Furnace heat treatment was applied to some G92 virgin samples to 
investigate the effect of BN on the microstructures. A Carbolite CWF1300 
furnace was employed to perform short term heat treatment at 1200oC to 
achieve BN dissolution and long term ageing at 650oC to investigate the 
coarsening rate of M23C6 precipitates.  
Incident electron beam 
Camera 
length 
Transmitted spot Diffracted spot 
Specimen 
Rhkl 
2θ 
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A dedicated dilatometer BÄHR DIL 805A/D was used in this project to perform 
thermal simulations to investigate the conditions of BN dissolution and re-
precipitation. The G92 steels were machined into standard dilatometer 
cylindrical samples with a diameter of 5 mm and length of 10 mm. A 
thermocouple was spot-welded onto the dilatometer sample to accurately 
monitor the temperature. The sample was clamped between two alumina rods 
and inserted into an induction coil. The sample was induction heated using a 
high frequency generator operating in a vacuum condition to avoid oxidation 
and decarburisation at high temperatures. The cooling was achieved and well 
controlled by a helium gas flow. 
 
3.10 Hardness Test 
Single indent hardness tests were carried out using a Mitutoyo AVK-C2 
Vickers hardness tester and a Mitutoyo micro hardness testing system. The 
former hardness tester was used to test the hardness value of the bulk 
samples in a relatively macro scale with a load of 10 kg and 15 s dwell time, 
whist the latter one was used to test relatively small features such as 
irreversible ferrite regions with a load of 0.5 kg and 15 s dwell time.  
Vickers-type hardness maps were obtained using a Struers DuraScan 70 
system which enables a specific area to be mapped under predefined 
parameters. The instrument is able to automatically capture image of each 
indent using an in-situ optical microscope camera and to measure the 
hardness value in the pre-installed computer software. In this project, the 
notched area of creep notched bar samples were mapped at an objective of 
40× with a load of 1 kg. A gap of 300 µm was left between each two indents to 
assure enough space. 
It is noteworthy that all the samples for the micro hardness test and the 
hardness mapping were firstly polished down to a surface finish of 1 µm, and 
then further polished using a 0.02 µm colloidal silica suspension (Buehler) for 
10 minutes to achieve as good an image as possible with minimum surface 
deformation in the optical microscope at micro scale. 
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CHAPTER 4 INVESTIGATION OF CREEP CAVITATION IN P92 STEELS 
 
4.1 Introduction 
During the high temperature creep exposure of creep strength enhanced 
ferritic (CSEF) steels, creep strength is gradually lost and cavities form and 
grow (Parker, 2013). The mechanism of creep cavity nucleation in CSEF 
steels is, however, not fully understood. It has been reported that the 
nucleation of cavities starts in the early stages of the creep test (Wu and 
Sandstrom, 1995). Several possible mechanisms have been suggested by 
Kassner and Hayes (2003) to explain cavity nucleation during high 
temperature creep. These include: grain boundary sliding leading to cavitation 
from ledges or boundary triple points; vacancy condensation at areas of high 
stress concentration; dislocation pile-ups, or; a combination of these 
mechanisms. In P92 steels it has been reported that coarse Laves phase 
particles were observed in the creep cavities and it was suggested that these 
were the preferential sites for cavity nucleation (Lee et al., 2006). It was also 
suggested that at a critical size of Laves phase particles with an average 
diameter of 130 nm, creep cavity nucleation is triggered. Zhao et al. (2010) 
have suggested that cavity nucleation occurs at inclusions such as 
manganese sulphide and alumina, although the proportions of cavities and 
inclusions were not quantified. 
In order to improve the creep resistance, some CSEF steels have been 
designed to contain a certain amount of boron (Horiuchi, Igarashi and Abe, 
2002). The purpose of adding boron is to reduce the coarsening rate of M23C6 
precipitates in the vicinity of prior austenite grain boundaries (Abe, 2011). It 
however, should be noted that boron is a strong nitride forming element. 
Excess addition of boron can lead to the formation of boron nitrides which 
consumes soluble boron and nitrogen and depresses the benefits of the two 
elements. Sakuraya, Okada and Abe (2006) have suggested the equation 
log[%B]=-2.45log[%N]-6.81 at which boron nitride forms. Li et al. (2013) have 
calculated the boron nitride solubility at elevated temperatures (1175oC to 
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1200oC) using thermodynamic simulations which are able to take into account 
the full chemical composition of the steel, and particularly the W 
concentration, which can influence the formation of tungsten borides. These 
calculations have resulted in a modified boron nitride solubility line.  
To understand creep behaviour in Grade 92 type steels, it is important to 
conduct a detailed and quantified characterisation of creep cavities in both 
failed and non-failed conditions. In addition, to understand the formation of 
creep cavities, from a microstructural point of view, requires a full 
understanding of the initial microstructure features before creep and the 
evolution process during high temperature creep exposure. In this chapter, a 
detailed characterisation and discussion of possible cavity nucleating sites will 
be given after a brief introduction to the samples and their microstructural 
overview in Section 4.2. The quantitative analysis of creep cavities will be 
presented in Section 4.3 followed by the investigation of the cavitation location 
and the identification of the cavity nuclei in Section 4.4. The 3D analysis of the 
subsurface cavities will be given in Section 4.5. The final discussion of the 
creep cavity nucleation as well as some evidence in the head-gauge transition 
area will be presented in Section 4.6. 
 
4.2 Materials and Microstructural Overview 
4.2.1 Materials and sample details 
The creep samples investigated in this chapter were manufactured and creep 
tested by the same supplier (SA) to minimise differences that can occur, for 
example from differences in the thermomechanical processing procedure 
used. The geometry of the creep test bars used was in compliance with ASTM 
standards. The diameter and the length of the gauge section are 6 mm and 30 
mm, respectively. The chemical compositions and the corresponding heat 
treatments of the samples were presented in the previous chapter (see Table 
3.4). The samples were creep tested at 550, 600 and 650oC using different 
stresses and full information regarding these tests was provided in Table 3.5.  
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Figure 4.1 Thermodynamic simulation of the composition 94566 showing the mass 
fraction of the phases present as a function of temperature.  
 
 
Figure 4.2 Optical micrograph showing the typical martensitic structure of Grade 92 
steels, etched in Vilellas’ reagent for 15 s. The image was taken from sample SA-virgin.  
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4.2.2 Microstructural overview 
 Thermodynamic simulations 
To understand the possible phases present in the investigated materials, 
thermodynamic simulations were performed prior to the microstructural 
examination and characterisation. Figure 4.1 shows the predicted weight 
fraction of phases present in a typical P92 steel (composition 94566) as a 
function of temperature. In addition to the ferritic matrix, three secondary 
phases; Laves phase, M23C6 and VN-type MX, are predicted to be 
thermodynamically stable over the temperature range from 550 to 650oC at 
which the creep tests were conducted. It is noted that Z phase completely 
replaces MX below 800oC although this process was observed to be very 
slow in 9Cr steels (Danielsen, 2007). Small amounts of phosphide, boride, 
and sulphide are also predicted. Boron nitride is shown to be 
thermodynamically stable at temperatures greater than 710oC.   
 Matrix microstructure 
All the P92 samples involved in this study are tempered martensitic steels. 
The matrix exhibits a typical martensitic lath structure which is subject to 
coarsening and deformation after long term creep testing. The typical matrix 
lath structure is shown in Figure 4.2.  
 Major second phase particles 
The major second phase particles, M23C6 and MX carbonitride precipitates, 
are produced following a normalising and tempering heat treatment at 
temperatures in the region of 1050 – 1071oC and 770 – 780oC respectively. 
Figure 4.3 shows the fine dispersion of the chromium-rich M23C6 precipitates 
in the head and gauge sections of the creep sample using the ion beam 
imaging method. The chemical composition of M23C6 was determined using a 
TEM-EDS technique (shown in Table 4.1). MX carbonitrides are rich in V 
and/or Nb and finer than M23C6 precipitates in size. The STEM-HAADF 
images show the typical appearance of MX particles in P92 steels (Figure 
4.4). The detailed composition of MX particles in the head section was 
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measured, and the Cr/Nb/V ratios are plotted in the ternary graph in Figure 
4.5. This shows that the MX particles have a variable V and Nb content after 
long term aging. 
Laves phase precipitates can form during high temperature creep exposure. 
They are W and Mo rich intermetallic particles which appear bright in the SEM 
backscattered electron mode, which allows them to be easily discriminated 
and quantified. Laves phase was not found in the non-creep tested or unaged 
samples. Figure 4.6 shows the typical distribution of Laves phase particles in 
the head and gauge sections after high temperature creep exposure, where 
bright Laves phase particles can be seen to preferentially decorate the lath, 
subgrain and prior austenite grain boundaries.  
 
Table 4.1 The chemical compositions of the M23C6 particles measured using STEM-EDS 
on the carbon extraction replica samples of three suppliers (in wt.%). 20 random 
particles were analysed in each sample. 
Particles from Cr W Mo Fe Mn V Nb Ni 
Base Metal A 54.6 14.8 2.7 24.9 0.9 1.5 0.4 0.3 ±0.6 ±0.7 ±0.1 ±0.5 ±0.1 ±0.6 ±0.4 ±0.0 
Base Metal B 54.6 13.9 2.5 25.3 1.1 2.1 0.5 0.2 ±0.6 ±0.6 ±0.1 ±0.7 ±0.1 ±0.8 ±0.3 ±0.0 
Base Metal C 53.2 14.1 2.9 25.8 0.8 2.8 0.4 0.1 ±0.7 ±0.5 ±0.1 ±0.8 ±0.1 ±1.0 ±0.2 ±0.1 
P92 steel as received, 
after Panait (2010)  
54.2 12.0 3.6 26.4 3.5 0.3 - - 
±0.3 ±0.2 ±0.1 ±0.2 ±0.2 ±0.0 - - 
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Figure 4.3 Ion beam induced SE images with IEE (insulator enhanced etch) XeF2 flow 
showing M23C6 particles in the (a) head section and (b) gauge length. 
 
   
Figure 4.4 STEM-HAADF images at different magnifications (a) ×57000 and (b) ×115000 
showing the typical size and appearance of MX particles in carbon extraction replica 
samples. 
(a) Head section (b) Gauge section 
(a) ×57000 (b) ×115000 
M23C6 
MX 
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Figure 4.5 Ternary graph showing the variation in Cr/Nb/V ratios of MX-type second 
phase particles in the head section after long term creep exposure at 600oC. 
 
   
Figure 4.6 Examples of the BSE images used for quantitative analysis of Laves phase 
particles in (a) head section and (b) gauge length. 
 
 Inclusion particles 
There are three major types of inclusion particles found in the steels studied in 
this work - BN, MnS and Al2O3. According to the thermodynamic simulation, 
BN does not form in the temperature range 550 – 650oC; MnS is stable at the 
(a) Head section (b) Gauge section 
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creep temperature, whilst Al2O3 was not able to be predicted due to the 
reason that O was not included in the calculations in this case due to lack of 
appropriate thermodynamic data in the database designed primarily for bulk 
steel microstructure determination. The finding of the three inclusions in the 
non-creep virgin samples is evidence for the fact that they formed in the 
previous steelmaking process of the steels studied. The detailed phase 
identification and characterisation of the inclusions will be discussed later in 
this chapter. 
 Reversible ferrite 
Ferrite regions, different from martensitic matrix, were observed in some G92 
steels provided by supplier A. EBSD analysis showed that there was no sub-
structure within the non-martensitic ferrite region (Figure 4.7). By comparing 
the chemical constituents of the ferrite region and the martensitic matrix using 
EDS, as shown in Figure 4.8, the concentrations of W, Mo and V in the ferrite 
region are higher than the martensitic matrix. From detailed STEM-EDS 
analysis (Figure 4.9), a high density of W-rich particles were observed in the 
ferrite region. EBSD spot analysis shows that the diffraction of the W-rich 
particles in the ferrite region is the same as the Laves phase particles in the 
matrix though the ones in the ferrite are finer and denser (Figure 4.10). In 
addition, needle-like V-rich particles which form skeleton-like structures 
associated with W-rich particles and a few Nb-rich particles are also present 
in the ferrite region. Although the crystallographic information is difficult to 
obtain due to the very small particle size, chemical analysis showed that the 
needle-like particles are likely to be VN precipitates, whilst the Nb-rich 
particles are likely to be NbC precipitates according to their particle size and 
shape. In some cases, inclusion particles were observed associated with the 
ferrite region, which will be discussed in detail in Chapter 6.   
The ferrite region appeared as either an individual grain or a string of grains. 
The size of the typical ferrite grain is less than 10 µm in feret diameter. In 
some rare cases large grains can be up to several tens of micrometres. A 
precipitation free zone (PFZ) can sometimes be observed in the inner side 
near boundaries of ferrite regions, as indicted and arrowed in Figure 4.8 (a).  
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The characteristics of the ferrite regions found in this study conform to the 
description of the ‘speckled’ reversible ferrite in Grade 92 steels. The 
formation of this kind of ferrite, which is different from the stable irreversible 
ferrite (delta ferrite) formed at high temperature, is probably due to the 
relatively slow cooling rate leading to the diffusional phase transformation 
from austenite to ferrite and carbides. This speckled ferrite can be removed by 
means of a re-heat treatment. A detailed description of the two types of ferrite 
in Grade 92 steels can be found in the paper of Knezevic et al. (2014). 
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Figure 4.7 (a) the ferrite region found in sample SA8 gauge close to the head section 
during SEM examination; (b) IQ (image quality) + GB (grain boundary) and (c) IPF 
(inverse pole figure) EBSD mapping showing no sub-structure within the ferrite region.  
 
=20 µm; BC+GB; Step=0.1451 µm; Grid688x684
=20 µm; Map5; Step=0.1451 µm; Grid688x684
 
(a)  
(b)  (c)  
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Figure 4.8 (a) SEM image showing the typical ferrite region in the P92 samples with 
PFZ arrowed; (b) overlaid EDS spectrum showing the difference of the two regions 
(ferrite region in yellow and matrix region in red); the EDS chemical constituents of the 
two regions are shown in Table 4.2. 
 
Table 4.2 Comparison of chemical compositions of reversible ferrite and martensitic 
matrix (in wt.%). 
 V Cr Mn Fe Mo W 
Ferrite region 0.4 9.6 0.4 84.8 0.7 4.1 
Martensitic matrix 0.2 9.6 0.4 87.2 0.4 2.2 
 
 
(a)  (b)  
 
 
 
PFZ  
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Figure 4.9 STEM-EDS maps on the thin foil lift-out of the ferrite region in sample A5 
head section showing the chemical distribution of W, Nb, V, and N elements.   
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Figure 4.10 EBSD Kikuchi patterns of (a) the Laves phase particle in the matrix and (b) 
indexed pattern of (a) with a CI = 0.241; and (c) the W-rich particle in the ferrite and (d) 
indexed pattern of (c) with a CI = 0.255.  
 
4.3 Quantitative Analysis of Creep Cavities 
A series of BSE SEM images were collected continuously along the stress 
axis of the creep tested sample, from the fracture surface towards the head 
region. A selection of these images is shown in Figure 4.11. The dark areas in 
these images are primarily creep cavities, however, close to the fracture 
location additional damage associated with the fracture is also observed. In 
the head section a few isolated features with a similar appearance to cavities 
are present in the BSE images. These features were found to be inclusions 
and because they have a much lower content per unit area than the cavities 
(a)  (b)  
(c)  (d)  
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so they will not affect the statistical analysis of the cavities significantly (see 
Figure 4.11 (c)). 
Figure 4.12 shows the average size of the cavities and number of cavities per 
unit area as a function of distance from the fracture surface within the gauge 
portion of the creep test bar. The number of cavities per unit area appears to 
increase slightly towards the fracture section, whereas the average size 
remains at ~2 µm throughout the section. 
 
     
 
Figure 4.11 Low magnification BSE images in different positions of the sample SA7 
showing cavities in (a) a near fracture area, (b) middle part of the gauge length and 
inclusions in (c) head section. 
 
(a) Near fracture (b) 5 mm away from fracture 
(c) Head section 
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Figure 4.12 Quantification data of the creep cavities in SA3 against the distance to the 
fracture surface in the gauge section; (a) size, (b) cavitated area and (c) number of 
cavities. The error bar indicates the distribution rather than the measurement error.   
(a) Size of cavities 
(b) Number of cavities 
(c) Area fraction of cavities 
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4.4 Investigation of Creep Cavitation Locations 
In order to understand where the creep cavities were forming within the matrix 
microstructure, EBSD maps were collected in a homogeneously deformed 
part of the gauge section of the sample. Figure 4.13 shows EBSD derived 
image quality (IQ) and grain orientation maps. The cavities are easily 
observed in these maps as they possess very low IQ values and hence 
appear as dark features in the IQ map. The prior austenite grain boundaries 
(PAGB) are highlighted in black in Figure 4.13 (b), and were identified by their 
15 – 50º grain boundary miosorientation angle range. It should be noted that 
this is actually the range of misorientation angles that sub-grain and lath 
boundaries do not have, but nevertheless provides a good indication of PAGB 
location. It can be seen that the cavities are distributed throughout the 
analysed area and are not decorating any specific type of grain boundary. 
Figure 4.14 shows a BSE SEM image and the corresponding EDS derived 
chemical maps collected in a gauge section containing a number of 
inclusions. A large proportion of the cavities can be seen to contain elements 
characteristic of the inclusions observed in the head section. The Si and O 
that is present in all the cavities is an artefact from the sample preparation, 
which used colloidal silica in the final stage.   
To examine the contents of the cavities in more detail in-lens SEM imaging in 
combination with EDS was used. An example of this analysis for three types 
of cavities is shown in Figure 4.15. This technique enabled the material within 
the cavities to be unambiguously differentiated based on their morphology, 
although EDS was used to verify the validity of this approach. In the in-lens 
mode, BN particles appear with a distinctive surface texture (Fig. 4.15a), MnS 
particles appear smooth and have a similar intensity within the image to the 
ferrite matrix (Fig. 4.15b) and Al2O3 particles charge-up slightly under the 
imaging conditions used (Fig. 4.15c).  
To investigate these three inclusion types in more detail, site specific TEM 
samples were prepared using a standard lift-out procedure within a dual beam 
microscope. Bright field TEM micrographs, selected area diffraction patterns 
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and EDS spectra for each particle type are shown in Figure 4.16. The BN 
particles were shown to contain just B and N and had a hexagonal crystal 
structure. The MnS phase was shown to have a face-centred-cubic (FCC) 
structure and have a small amount of Ca contained within the phase. The 
alumina phase had an FCC structure consistent with γ-Al2O3 (lattice 
parameter of 7.9 Å) and small amount of Mg and Ca were observed in this 
phase. γ-Al2O3 inclusions have previously been reported in steels and form 
from the retained slag in the steel making process (Gregg and Bhadeshia, 
1997). In all cases, the close association of the inclusion particle with a creep 
cavity was very clear. 
To understand the proportions of cavities associated with each inclusion type 
the combined in-lens SEM examination and EDS analysis technique was 
used to analyse a statistically significant number of cavities as a function of 
distance from the fracture surface. The results from this analysis are shown in 
Table 4.3, where an area of 0.5 mm2 was examined for each location. This 
analysis showed that BN-type particles are much more commonly associated 
with the cavities than the other inclusion types at all distances from the 
fracture surface. A number of cavities were observed that did not appear to 
have inclusion particles associated within them. This is perhaps not surprising 
because only a 2D section across a random plane in the cavity is being 
examined and consquently the part of the cavity where the particle is present 
may not always be in this plane. However, to investigate the association of 
cavities with inclusions unambiguously 3D analysis of subsurface cavities was 
also undertaken. 
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Table 4.3 Quantitative data for cavity initiators in the surface of the cross-section of 
gauge length, investigated by combined EDS mapping and SEM in-lens examination. 
 
 
 
 
 
 
 
Sample 
Distance to 
fracture 
surface 
Number of 
cavity in 
the area of 
~50000 
µm2 
BN MnS Al2O3 
Not 
detected 
SA5 
1 mm 60 25 6 2 27 
3 mm 47 34 1 2 10 
5 mm 51 41 1 1 8 
7 mm 42 26 3 2 11 
9 mm 36 30 1 1 4 
SA3 
1 mm 159 43 10 3 103 
3 mm 108 32 7 3 66 
5 mm 119 41 11 2 65 
7 mm 79 35 6 1 37 
9 mm 100 18 9 4 69 
SA71 
1 mm 90 27 10 2 51 
3 mm 76 30 8 4 34 
5 mm 74 17 9 4 44 
7 mm 90 31 7 6 46 
9 mm 83 35 9 2 37 
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Figure 4.13 EBSD scan in a 150×150 µm2 area in the gauge length of sample SA3, 6 mm 
away from fracture surface: (a) image quality map (IQ); (b) grain orientation map with 
prior austenite grain boundaries (PAGB) overlaid. 
 
Figure 4.14 Secondary electron SEM image with corresponding EDS maps of key 
inclusion elements B, N, Mn, S, Al, and O, showing the locations of BN, MnS and Al2O3 
type particles and cavities in sample SA5 gauge length 6 mm away from the fracture 
surface; Si and O indicating the residual colloidal silica from the polishing precudure. 
Four examples of cavity/inclusion association examined by SEM in-lens technique. 
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Figure 4.15 In-lens SEM images showing typical cavities associated with (a) BN; (b) MnS; and (c) alumina, in the gauge length of sample SA3. 
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Figure 4.16 Bright field TEM images, SAD patterns, key diagrams and EDS spectra of BN (a, b, c, d) in SA3, MnS (e, f, g, h) in SA5 and 
alumina (i, j, k, l) in SA3, all associated with cavities. 
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4.5 3D Examination of Sub-Surface Cavities 
Areas containing near-surface cavities in a region approximately 6 mm from 
the fracture face were identified using high voltage (30 kV) BSE images. This 
method is shown in Figure 4.17 where the increased penetration depth of the 
electron beam at the higher voltage shows the location of sub-surface 
cavities. 3D analysis was undertaken using a FIB based serial sectioning 
technique to study the real size and shape of the cavities and inclusions. The 
technique also has the advantage of removing any artefacts due to 
metallurgical sample preparation (e.g. the presence of silica in the cavities 
from polishing) because the samples are sectioned in situ within the electron 
microscope. This technique involved slicing using the FIB and imaging using 
the SEM. When a feature of interest such as an inclusion was observed the 
analysis was paused so that the feature could be chemically analysed using 
EDS. An example of this is shown in Figure 4.18 where a particle clearly 
visible within the cavity was found to be BN. Out of a total of 26 cavities 
analysed in this way, 24 were found to contain either BN (18), alumina (1), 
MnS (3) or both MnS and BN (2). This is consistent with the proportions found 
in the 2D analysis. In addition the number of cavities where no inclusions 
were found was also much lower in the 3D analysis than the analysis of the 
polished surface, which is consistent with the expected sectioning effect of 2D 
analysis. In four cavities no inclusion particles were detected, although it is 
possible that they were present because of the difficulties detecting small low 
atomic weight elements such as B and N in the serial section experiments. It 
can however be concluded that a large proportion of the cavities are 
associated with BN particles in this material. 
Using the 3D data collected, the shape of the creep cavities and the 
associated particles were reconstructed.  An example of such a reconstruction 
is shown in Figure 4.19. In the reconstruction shown, the cavity has a 
diameter of around 2 µm, whereas that of the BN particle is around 1 – 
1.5 µm. Much smaller second phase particles including Laves phase and 
M23C6 were also found to decorate the inner wall of the cavities. The BN 
particles and cavities are both shown to possess complex shapes. The 
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mechanism of the formation of irregular and sometimes angular shaped 
cavities is not well understood. A possible interpretation could be due to the 
interaction of the cavity growth with the martensitic lath boundaries.   
The shape of BN is also complex. Figure 4.20 shows three individual cases of 
3D reconstruction of BN particles. To avoid the difficulty of differentiating 
cavities and BN particles during reconstruction, non-creep tested virgin 
samples were selected based on the assumption that BN is not subject to 
shape change during creep. It can be seen from the three dimensional point 
of view that BN particles possess irregular shapes and are also different from 
each other, which could be due to the complex thermo-mechanical process 
during fabrication. A detailed discussion of this point will be presented in 
chapter 7. 
 
  
Figure 4.17 Example of SEM backscattered images in the same area in the gauge 
length of sample SA3 taken at different voltages (a) 10 kV and (b) 30 kV showing 
subsurface cavity indicated by arrow. 
(a) 10 kV (b) 30 kV 
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Figure 4.18 An SEM micrograph of a FIB prepared cross-section of a cavity and 
associated BN particle in the gauge length of sample SA3, 6 mm away from the fracture 
surface (a). The EDS spectra of the particle inside the cavity is shown in (b). 
 
 
Figure 4.19 An example of a single SEM cross-section slice taken at 6 mm away from 
fracture surface in sample SA3 (a). A reconstruction of the data stack in (b) showing 
the three cavities (shown in blue, purple and green) and associated particles (shown in 
red) in 3D.  
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Figure 4.20 Three dimensional reconstructions of BN particles in SA-virgin sample 
showing (a) & (b) complex shapes and in some cases associated with other types of 
inclusions (c). MnS and Al2O3 are chemically identified by EDS during FIB sectioning.  
 
4.6 Creep Cavity Nucleation 
To understand in more detail where the creep cavities nucleate, the head- 
gauge transition area was examined using In-lens SEM. In this area the stress 
is intermediate between the head and gauge portions and the creep damage 
accumulated will consequently be much lower than in the gauge section. 
Figure 4.21 shows that in the head-gauge transition area, small cavities can 
be seen to be associated with the BN particles. In the head section under 
similar imaging conditions no cavities were observed. This provides strong 
evidence that the cavities nucleate on BN and similar hard inclusions. 
The evolution of creep cavitation was studied by comparing the cavities in the 
samples tested for different durations of creep exposures. Typical BN 
inclusions in the SA non-creep tested sample are shown in Figure 4.22 (a, b, 
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c), where large BN (>2 µm in diameter) in the outer wall area (a) was found to 
have inner cracks; some smaller BN (~1 – 1.5 µm) in the middle wall area (b) 
were observed to decohere from the matrix. Irregular shape BN (c) was 
throughout the whole thickness of the pipe wall as observed in the creep 
samples. After 5000 h creep, cavities became obvious as shown in Figure 
4.22 (d, e, f) where it can be seen that the inner microcracks associated with 
large BN particles grow and angular shape cavities become visible though the 
cavity size at this stage is still submicron. After 11000 h creep, most cavities 
grow large enough to encase the inclusion particles with irregular polygon 
shapes. It is evident that BN inclusions are associated with creep cavitation by 
comparing the evolution of the cavities. The decohesion of the interface 
between BN and matrix could be due to the difference in thermal expansion 
coefficient as shown in Table 4.3.  
Since the majority of the creep cavities were found to be associated with hard 
ceramic inclusions, most of which appear to be BN-type (single BN particle or 
BN associated with MnS and/or Al2O3), the initial beneficial effects of boron on 
creep strength including the improvements in the stability of precipitates and 
the positive influences at grain boundaries are significantly suppressed. It 
appears that those BN inclusions which develop on Al2O3 particles are formed 
during de-oxidation or originate from the refractory of the steel making 
process and those BN inclusions which develop on MnS particles are formed 
during desulfurization. It has therefore been suggested that post fabrication 
heat treatment over about 1200oC appears to be sufficient to achieve the 
dissolution of BN inclusions to free boron elements back to the metal matrix 
(Parker, 2013; Li et al., 2013). On the other hand, the release of trapped 
nitrogen elements in BN can potentially lead to more precipitation of beneficial 
VN-type MX particles. 
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Figure 4.21 High magnification in-lens SEM images of sample SA71 showing the 
association of small size cavities and different shape BN particles in the head-gauge 
transition area. 
 
Table 4.3 Thermal expansion coefficients, NPL data (2010). 
α/(10-6·K-1) 
 293 K 500 K 800 K 1100 K 
BN para. 0-2.3 0-3 0-4 1-8 
BN perp. 0-1 0-1 0-1 1-2 
Steel, carbon 
(0.7-1.4C) 10.7 13.7 16.2 - 
 
 
 
 
96 
 
   
   
   
(a) (b) (c) 
(d) 
(h) (g) 
(f) (e) 
(i) 
F
ig
u
re
 4
.2
2
 In
-le
n
s
 im
a
g
e
s
 s
h
o
w
in
g
 th
e
 e
v
o
lu
tio
n
 o
f c
re
e
p
 c
a
v
ita
tio
n
 a
t d
iffe
re
n
t s
ta
g
e
s
: 
(a
, b
, c
) S
A
-v
irg
in
 s
a
m
p
le
, n
o
n
-c
re
e
p
 te
s
te
d
; (d
, e
, f) m
id
d
le
 g
a
u
g
e
 a
re
a
 o
f W
8
 s
a
m
p
le
, 
c
re
e
p
 te
s
te
d
 fo
r 5
0
0
0
 h
; a
n
d
 (g
, h
, i) m
id
d
le
 g
a
u
g
e
 a
re
a
 o
f W
8
 s
a
m
p
le
, c
re
e
p
 te
s
te
d
 fo
r 
1
1
0
0
0
 h
. 
Inner crack 
Decohered 
97 
 
4.7 Summary 
In this chapter, the microstructures of Grade 92 steels were 
thermodynamically simulated and the typical creep and non-creep samples 
were metallographically investigated. The initial microstructure of G92 steels 
before creep test has been confirmed to be a tempered martensitic matrix with 
a fine dispersion of M23C6 and MX precipitates plus a widely distributed range 
of BN, MnS and Al2O3 type inclusion particles. Laves phase precipitates were 
found decorated on the grain boundaries in the creep samples. In some cases 
reversible ferrite regions were observed. 
Detailed characterisation of the ferrite regions was carried out using various 
advanced techniques. W rich particles within the ferrite regions were identified 
to have the same chemical and crystallographic characteristics as Laves 
phase. Needle-like VN particles were observed to form skeleton structures 
and a few NbC particles were also found within the ferrite. 
A clear association of creep cavities with inclusions is observed. The 
association was studied in detail using conventional 2D SEM analysis, and in 
3D using a FIB-SEM automated serial sectioning technique. Taken together, 
these techniques allowed a statistically significant number of cavities to be 
analysed in 2D and the shape and relative positions of complete cavities and 
any associated inclusions to be determined in 3D. This analysis showed that a 
very high proportion of the cavities were found to be associated with 
inclusions, and that BN was much more predominant than the other 
inclusions, MnS and γ-Al2O3. The reconstruction of 3D data collected in the 
serial sectioning was achieved. Both cavities and inclusions were investigated 
in 3D and found to possess complex shapes.  
Examination of the head-gauge transition area, where the sample is subjected 
to a significantly lower stress than the gauge area, showed small cavities that 
had nucleated on the inclusions. No correlation between cavities and other 
microstructural features such as M23C6, Laves phase particles and prior 
austenite grain boundaries was observed suggesting that inclusions, and in 
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particular BN particles, were important for the cavitation behaviour of the 
material under the test conditions considered in this work. 
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CHAPTER 5 INVESTIGATION OF CREEP RUPTURE DUCTILITY  
 
5.1 Introduction 
Generally, in polycrystalline metals and alloys, high temperatures and low 
strain rates favour intergranular rupture whereas low temperatures and high 
strain rates lead to transgranular rupture. The abrupt change from ductile to 
brittle failure is derived from the change in stress condition. A change in the 
stress condition from a plastic regime in the short term to elastic regime in the 
long term is a dominant factor for a loss in creep rupture ductility (Kimura, 
Sawada and Kushima, 2012). 
Creep rupture ductility is an important parameter for design of power plant 
steels. It has been reported that a remarkable drop in creep rupture ductility of 
CSEF steels was observed in some long-term tests (Hald, 2004). A recent 
study on creep ductility of CSEF steels also revealed a significant drop in 
creep rupture ductility with decrease in stress for T/P92 steels (Kimura, 
Sawada and Kushima, 2012). Figure 5.1 shows the creep rupture ductility 
data of some Grade 92 tests carried out by CRIEPI in Japan, plotted as the 
Reduction of Area (ROA) against time to failure. It can be seen from the graph 
that in the short term tests, the samples failed with high ductility due to high 
local deformation, whereas in the long term tests, some samples failed with 
very low ductility. This latter low ductility, however, does not meet the target 
properties for the development of P92 steels which was that the minimum 
reduction of area should be at least 40% at 10,000 hours and 600oC (Parker, 
2013). 
The creep rupture ductilities of G92 samples from a wide range of sources are 
plotted in Figure 5.2. It is interesting to see that there are both ductile and 
brittle types of data points (from observation of the ROA) for the 600oC long 
term tests (near to and over 105 hours), whereas at 550oC even with durations 
approaching 100,000 h, all samples show a ductile fracture (ROA > 50%), and 
in contrast at 650oC and durations near or above 10,000 h, the samples show 
a brittle manner to rupture (ROA < 50%). 
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In order to understand the factors that influence the change in creep rupture 
ductility of Grade 92 steels in long term tests, carefully selected samples from 
supplier B were investigated. The primary aim of the research in this chapter 
was to assess if there was an effect of the production process of the steel on 
the subsequent creep behaviour and ductility. A detailed microstructural 
investigation has therefore been carried out on the samples of interest for 
comparison purposes. 
 
 
Figure 5.1 Reduction of area (%) against creep rupture time data for some Grade 92 
plain bar and notched bar samples tested by CRIEPI (solid lines) and NIMS data of 
T/P92 samples (dash lines). The 600oC plain bar samples were crept at a stress range 
of 116 – 212 MPa; the 650oC plain bar samples were crept at a stress range of 70 – 150 
MPa; the 600oC Type-I notched samples were crept at a stress range of 199 – 319 MPa; 
the 650oC Type-I notched samples were crept at a stress range of 80 – 210 MPa; the 
600oC Type-II notched samples were crept at a stress range of 249 – 376 MPa; the 
650oC Type-II notched samples were crept at a stress range of 150 – 248 MPa, courtesy 
of Takahashi, Y., CRIEPI (2013). 
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Figure 5.2 Temperature against rupture time plot of Grade 92 creep tests from a wide 
range of data sources; data spots indicating the creep rupture ductility, cross marks 
for high rupture ductility (ROA > 50%), open circles with cross marks in blue for low 
rupture ductility (10 < ROA < 50%), while solid circles in blue for extremely low rupture 
ductility (ROA < 10%), courtesy of Parker, J. and Siefert, J., EPRI. 
 
5.2 Materials 
Creep samples from supplier B (SB) were selected for investigation in this 
study. Four pairs of samples were provided by SB for comparison and each 
pair was tested at the same temperature and stress showing however 
different creep rupture characteristics. Table 3.6 to 3.8 in Chapter 3 showed 
their chemical compositions, manufacturing methods, heat treatments, and 
creep test conditions in detail. Long term tests (near or over 105 h) at 600oC 
are more of interest in this investigation, and therefore sample pair 1 (SB 1 & 
SB 2) and sample pair 2 (SB 3 & SB 4) were the main focus of this study. SB 
1 and SB 3 were taken from the pipe product 1 manufactured by a press 
drawing method whereas SB 2 and SB 4 were taken from the pipe product 2 
manufactured by a pilgering method. Considering that the two pairs of 
samples are from the same heat (see Table 3.7), the effect of chemical 
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composition on the creep ductility variation is therefore minimised. A summary 
of the key data from the two selected sample pairs is shown in Table 5.1. 
Table 5.1 A summary of key information for the samples investigated in this chapter. 
G92 SB 
samples 
Temperature 
(oC) 
Stress 
(MPa) 
Time to 
rupture (h) 
Reduction of 
area (%) 
Pair 1 SB 1 
600 
120 26321 7 SB 2 49721 16 
Pair 2 SB 3 160 7780 4 SB 4 9497 68 
 
 
5.3 Characterisation of Second Phase Precipitates 
W-rich Laves phase particles appear bright in the backscattered SEM imaging 
mode and can readily be distinguished from the dark matrix. Laves phase 
precipitates were widely observed in all four selected samples, as shown in 
Figure 5.3, and quantified. M23C6 particles were also quantified using an ion 
beam imaging method with the use of a XeF2 flow to eliminate the effect of 
Laves phase particles (see Figure 5.4). Table 5.2 details the quantification 
data for the two precipitate populations. It can be seen that in the head 
section, where the exposure stress is considered to be very low, the 
precipitation behaviour is directly related to the duration of creep exposure. 
The longer creep exposure time produces larger particles and lower quantities 
of each type, as expected from traditional coarsening theory.  
Another important second phase is the MX carbonitrides. In order to study any 
change in the chemical composition of MX, the MX particles in the non-creep 
tested sample provided by supplier B was quantified as the baseline. The MX 
chemical compositions in the head sections of the four creep samples were 
also analysed and plotted as shown in Figure 5.5. It can be seen from the first 
plot that the MX in non-creep tested condition shows that more of the 
distribution is in the Nb-rich side while only a few V-rich type MX particles 
were detected. In the creep tested samples, however, the precipitation of MX 
covers the full range of chemical distribution from V-rich to Nb-rich. It is 
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possible that the precipitation of V-rich type MX before creep is not complete 
and there are still free V and N atoms left in the matrix to precipitate during 
the creep exposure. The size distribution of the MX particles in the carbon 
extraction replica samples of the head sections of the four creep samples are 
shown in Figure 5.6. It is clear from the plots that most MX particles are less 
than 100 nm in diameter, even in the sample with the longest creep life. The 
most popular MX particle size is between 20 and 40 nm in diameter. The 
difference of the MX size distribution amongst the four samples is, however, 
not significant.  
Although the four samples exhibited different creep performance, it is difficult 
to correlate the evolution of second phase precipitation to the large difference 
in their creep rupture ductility. The precipitation behaviour is unlikely to be due 
to any the chemical variation because the four samples are from the same 
heat (namely the same chemical composition). In sample pair 1, the amounts 
of Laves phase and M23C6 precipitates decrease and the sizes increase with 
creep life. The precipitation behaviours of the two phases in the pair 2 
samples showed no significant differences. In addition, no significant 
difference in the MX size and chemical distribution in the four samples was 
found. Consequently, the loss of creep rupture ductility in long term creep 
samples at 600oC cannot be easily explained by the precipitation behaviour 
during creep exposure.  
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Figure 5.3 BSE SEM images taken at the head sections of the four selected creep 
samples. The bright particles indicate the distribution of the W-rich Laves phase 
precipitates. 
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Figure 5.4 Ion beam induced SE images with IEE (insulator enhanced etch) XeF2 flow 
showing M23C6 particles in the head sections of the four selected samples. 
 
Table 5.2 Quantification data for the Laves phase and M23C6 precipitates in the head 
sections.  
 
Laves phase M23C6 particles 
Number  
(/2800 µm2) 
Particle size  
(nm) 
Number  
(/2800 µm2) 
Particle size  
(nm) 
SB 1 head 342 207±8 3473 124±6 
SB 2 head 302 213±13 2809 131±5 
SB 3 head 364 195±7 4213 114±6 
SB 4 head 372 197±12 4351 118±5 
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Figure 5.5 Ternary plots showing the distribution of the chemical compositions of the 
MX particles in the non-crept sample and the head sections of the four selected creep 
samples, SB1-SB4. 
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Figure 5.6 Size distribution of MX precipitates in the head sections of the four creep 
samples.  
 
5.4 Quantitative Analysis of Creep Cavities 
Creep cavitation was observed in the gauge length of each creep sample. The 
black dots in the BSE SEM images shown in Figure 5.7 are likely to be creep 
cavities. In the high ductility samples, large black holes in the necked region 
could be creep damage induced by creep strain as shown in Figure 5.7 (b). 
Careful quantitative analyses of creep cavities/damage were carried out along 
the gauge length of the two sample pairs. The quantitative data are plotted 
and shown in Figure 5.8. It is evident that the distribution of creep cavities in 
the low ductility samples is very different from that in the high ductility ones. At 
the same creep testing conditions, in the homogeneously deformed part of the 
gauge length, the cavities in the low ductility samples are always greater in 
quantity and smaller in size than those in the high ductility samples, no matter 
which sample pair is compared. This is more obvious in sample pair 2 as the 
difference in ductility is much more significant than for pair 1. It should be 
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noted that the higher ductility sample, SB 2 in pair 1, for which the ROA was 
16%, is still considered to be a low ductility fractured sample in this case.  
It should be borne in mind that SB 1 and SB 3 are from the pipe product made 
by press drawing, while SB 2 and SB 4 are from the pipe product made by 
pilgering. It is therefore also interesting to compare the press drawing pair (SB 
1 & SB 3) and the pilgering pair (SB 2 & SB 4) with the only difference being 
in the creep stress. In the press drawing pair, the increase of creep stress 
from 120 MPa to 160 MPa results in a 3.4 times shorter creep life and no 
significant change in creep rupture ductility. The average cavity size of SB 1 is 
~3.4 µm in diameter, larger than the size of cavities in SB 3, which is ~2.3 µm 
in diameter. This can be simply explained by the longer creep exposure of SB 
1 compared to SB 3. In a brittle fracture there is less deformation and 
considering the low rupture ductility of both samples, the creep damage 
induced by deformation is therefore not significant in this case. The number of 
cavities per image (320×240 µm2) in SB 3 varies from 155 (end of gauge 
length, close to the head-gauge transition area) to 275 (1 mm away from the 
fracture surface), which is 2-3 times higher than SB 1, whose value varies 
from 50 to 100. Since the number of cavity nucleation sites can be related to 
the characteristics of inclusion particles, a detailed characterisation of 
inclusions will be discussed later.  
In the other sample pair, the low stress sample SB 2 exhibits a long lifetime of 
49721 h which is 5.2 times longer than sample SB 4, 9497 h, which was 
subjected to a higher stress. In the homogeneously deformed part, the cavity 
size of SB 2 is between 5-6 µm in diameter, larger than the shorter creep term 
sample SB 4, whose cavity size is ~4 µm in diameter. The available gauge 
length of SB 2 is only 7 mm and most of which is necked. The number of 
cavities per image in SB 2 varies from 20 (end of gauge length, close to the 
head-gauge transition area) to 120 (1 mm away from the fracture surface), 
which, as a whole, is higher than SB 4. The number of cavities per image in 
SB 4 is about 20-25 regardless of the necked region (less than 5 mm away 
from the fracture surface). There are more cavities in the low stress sample in 
the sample pair SB 2 & SB 4 which is in contrast to the previous sample pair 
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SB 1 & SB 3. It must not be overlooked that one important fact is that there is 
a remarkable increase in creep rupture ductility with creep stress in the 
sample pair SB 2 & SB 4 whilst this does not happen in the sample pair SB 1 
& SB 3 though the increment of the creep stress in the two pairs is the same.  
By comparing the samples tested at the same creep conditions, it can be 
seen that the creep ductility variation is may be linked to the development of 
creep cavities, especially in sample pair 2 (SB 3 & SB 4). The remarkable 
drop of creep rupture ductility of SB 3 is considered to be the result of the 
development of large amounts of creep cavities. In order to investigate any 
links between the nucleation of creep cavities and the presence of inclusions, 
a detailed quantification and discussion of BN inclusions is presented in next 
section. 
 
 
Figure 5.7 Schematic diagrams showing the fractured creep samples (low ductility 
rupture at the left side and high ductility rupture at the right side) and example BSE 
SEM images showing the distribution of creep cavities and damage: near fracture area, 
1 mm away from the fracture surface of SB 3 (a) and SB 4 (b); and middle gauge length 
area, 6 mm away from the fracture surface of SB 3 (c) and SB 4 (d). 
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Figure 5.8 Quantification data for the creep cavities against the distance to the fracture 
surface in the gauge length; (a) size, (b) number and (c) area fraction of cavities. The 
error bar indicates the image-to-image variation rather than the measurement error.   
 
(a) Size of cavities 
(b) Number of cavities 
(c) Area fraction of cavities 
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5.5 Quantitative Analysis of BN Inclusions 
In order to understand the different creep cavitation behaviours of the various 
SB samples, it is important to gain a complete and quantified understanding of 
the inclusion particles and any relation to cavity nucleation. As discussed in 
Chapter 4, BN inclusions have been found to be associated with cavity 
nucleation sites. Detailed characterisation of BN particles in the SB creep 
samples was therefore performed to assist in developing a better 
understanding of the cavitation behaviour.  
Figure 5.9 illustrates that many BN inclusion particles in sample SB 1 are also 
associated with other inclusions. The morphology of BN in many cases is a 
‘shell-like’ shape encasing other inclusions (Al2O3 and/or MnS). The same 
observation of this BN morphology was also reported in the automotive 
crankshaft steel 42CrMo (Wang et al., 2013). The EDS maps shown in Figure 
5.10 give an example of the typical BN/Al2O3 association in the head section 
of SB 1. Due to the large amounts of BN/MnS/Al2O3 association in SB 1, the 
quantification of BN is therefore difficult to perform accurately. However, it is 
noteworthy that the BN/MnS/Al2O3 association in SB 3 is not as significant as 
SB 1, although they are from the same pipe product. According to the 
literature (Sakuraya, Okada and Abe, 2004 and 2006; Wang et al., 2013), the 
morphology and size of BN type inclusions are strongly affected by cooling 
rate. It is possible that SB 1 and SB 3 were taken from the different regions of 
the pipe, where the cooling rates were different leading to a different 
precipitation behaviour of the BN.  
In the head section of SB 2, creep cavities were observed to be associated 
with BN particles as shown in Figure 5.11. In most cases, creep cavities do 
not form in the head section because the stress level in head sections of 
creep samples is considered to be very low due to the larger cross sectional 
area than the gauge length. The ratio of the actual stresses on the two 
different cross sections can be calculated by:  
𝑃 =
𝐹
𝐴
                                           Equation 5.1 
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where P is the pressure, F is the normal force and A is the area of the surface 
in contact which is the cross sectional area in this case. 
SB 2 has a creep life of 49,721 h which is the longest amongst all of the creep 
samples and appears to be long enough to trigger the onset of creep 
cavitation. The association of BN and cavities in the head section of SB 2 is 
very similar to the low stress head-gauge transition area of the SA creep 
samples discussed in Chapter 4. The existence of cavities associated with the 
BN particles in the head section makes accurate quantification of BN in this 
sample become very difficult, because both BN and cavities have a similar 
intensity in BSE SEM images. 
Most BN particles in SB 3 and SB 4 are a single type BN, which are different 
from the BN/MnS or BN/Al2O3 association types in SB 1, and no cavities were 
observed in the head sections of SB 3 and SB 4. An example of the 
distribution of BN in the head section of SB 3 is shown in Figure 5.13. Some 
tiny BN particles were observed in SB 3 at high magnification, the size of 
which were as small as the Laves phase precipitates. These very small 
particles were confirmed to be BN using an EDS mapping method. The key 
elements present within the inclusion particles are shown in Figure 5.14.  
The samples SB 3 and SB 4 in which it was possible to quantify the BN 
particles were selected for rigorous examination. The quantitative data for the 
BN particles in SB 3 and SB 4 are shown in Figure 5.15, together with a 
comparison of the BN amounts in the two samples and the non-creep tested 
virgin materials. According to the results from the quantitative analyses, the 
number of BN particles per area in SB 3 (60) is 3.75 times more than SB 4 
(16); and the average size of BN in SB 3 (0.6 µm in diameter) is less than half 
size of SB 4 (1.3 µm in diameter). By comparing the area percentages of BN, 
it can be seen in Figure 5.15 (c) that the two creep samples have 0.022% and 
0.027% BN respectively, which is consistent with the range of BN 
percentages in the SB-virgin pipe (BM B).  
The BN inclusions and creep cavities in sample pair SB 3 and SB 4 are 
compared in Table 5.3. The number of BN and cavities in the two samples are 
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consistent. There are more BN inclusions detected in SB 3 and hence more 
potential cavity nucleation sites than SB 4. The big difference between the 
absolute value of cavity number and BN number per image in each sample is 
due to the large difference in particle size. From a three-dimensional point of 
view, for a particle with the same shape, the chance of sectioning large 
particles is greater than that of sectioning small ones. 
 
 
Figure 5.9 In-lens SEM images showing typical inclusions in the head section of 
sample SB 1.  
 
Figure 5.10 EDS maps showing the BN/Al2O3 association. In-lens SEM image in lower 
left showing the typical appearance of BN (special texture) and Al2O3 (oxide charging 
effect).   
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Figure 5.11 In-lens images showing the onset of decoherence/creep cavitation at BN 
inclusions in the head section of SB 2. 
 
 
Figure 5.12 Geometry of creep specimens (all dimensions in mm), courtesy of 
Takahashi, Y., CRIEPI (2013). 
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Figure 5.13 BSE SEM image showing the distribution of BN (arrowed) in the head 
section of SB 3. 
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Figure 5.14 BSE SEM images showing the distribution of inclusion particles in the head sections of SB 3 and SB 4. The key elements of the 
three inclusion types were mapped out for sample SB 3.  
 
(a) SB 3 head (b) SB 4 head 
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Figure 5.15 Quantitative data for BN particles in SB 3 and SB 4. The numbers of BN particles (a) in the two samples are 60 and 16 per area 
of 320×240 µm2, respectively. Average particle sizes of BN (b) in the two samples are 0.6 µm and 1.3 µm in diameter, respectively. The area 
percentages of BN (c) in the two samples are 0.022% and 0.027%, which are consistent with the range of the BN percentages in the SB-
virgin sample (BM B, in red). 
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Table 5.3 Comparison of quantification data of creep cavities and BN in sample pair 2, 
SB 3 and SB 4. 
 SB 3  (low rupture ductility) 
SB 4  
(high rupture 
ductility) 
Number of cavities per image 
(320×240 µm2) 
155-275  
(from end of gauge 
length to 1 mm away 
from fracture surface) 
20-25  
(in homogeneously 
deformed part) 
Average size of cavities  
(µm) ~2.3 ~4 
Number of BN per image 
(320×240 µm2) 60 16 
Average size of BN  
(µm) 0.6 1.3 
 
 
5.6 Investigation of Prior Austenite Grain Size and Ferrite 
 Prior austenite grain size 
Prior austenite grain boundaries (PAGBs) were revealed by examination of 
the appropriate grain boundary misorientation angle in EBSD maps. The high 
angle boundaries with a misorientation angle between 50o – 60o are 
considered to be martensitic lath boundaries whereas the low angle 
boundaries below 15o are considered to be sub-grain boundaries and 
dislocations. By eliminating the high angle lath boundaries together with all of 
the low angle boundaries, the rest of the boundaries can be identified as 
PAGBs. To minimise the effect of creep strain, this work was carried out in the 
head sections. As can be seen in Figure 5.16, the more precise PAGBs were 
drawn over the imposed IPF (inverse pole figure) with PAGB maps using the 
grain boundary tracing method (Wang, 2013) to allow the PAG size to be 
measured. 
The measured PAG sizes of the four samples SB 1 – SB 4 are 373±156 µm, 
83±36 µm, 315±164 µm, and 194±104 µm in diameter, respectively. Since SB 
1 and SB 3 were taken from the same pipe product manufactured by press 
drawing, the PAG sizes of these two samples are very close. The big 
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difference of PAG size between SB 2 and SB 4 is probably because the two 
samples are from the different ends of the same pipe, according to the 
supplier (Knezevic, 2014) and therefore may have experienced different 
cooling rates.  
The creep rupture ductility is strongly related to the number of creep cavities. 
As discussed in Chapter 4, there is no clear relationship between creep 
cavities and PAGBs. Also there is no clear evidence showing any type of 
inclusions or creep cavities are preferentially nucleating at PAGBs. The effect 
of PAGBs on the ductility is therefore not significant. A detailed 
characterisation of microcracks in the notched bar samples will be presented 
in Chapter 6.  
 
Figure 5.16 EBSD scans on the head section of the four selected samples, 1×2 mm2 
with a step size of 1 µm. PAGBs were mapped out using a selection of GB 
misorientation angles between 15o – 50o. The PAG sizes of the four samples are 
373±156 µm, 83±36 µm, 315±164 µm, and 194±104 µm, respectively. 
(a) SB 1 (b) SB 2 
(c) SB 3 (d) SB 4 
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 Ferrite 
Certain amounts of ferrite were observed in some SA samples. A detailed 
characterisation of microstructures in the ferrite region in SA samples can be 
found in Chapter 4. However, there were no similar ferrite regions identified in 
the four selected SB samples. As shown in Figure 5.17, a clear martensitic 
lath structure can be observed using optical microscopy with no features 
similar to those that were found previously as shown in Figure 4.7 and 4.8. 
The formation of ferrite in the G92 steels is strongly related to the cooling rate 
which can be affected by manufacturing methods and product geometries. 
The effect of ferrite has therefore also been taken into consideration in this 
study, however, the area fraction is so low and consequently no link has been 
found with the observed ductility in the samples.    
 
Figure 5.17 Typical OM images showing the general microstructures in the head 
sections of the four creep samples. No obvious ferrite was observed in any one of 
them. 
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5.7 Processing Routes 
The characterisation of microstructures of the SB samples shows that the 
major cause of the low ductility rupture after long term creep exposure is likely 
to be directly related to the formation of high amounts of creep cavities, most 
of which appear to be initiated at BN-type inclusion particles. No clear 
evidence shows any direct effect of the precipitation of second phase particles 
or the variation of PAG sizes on the creep ductility. In addition there appears 
to be no effect of chemical composition or other microstructural feature such 
as delta ferrite involved in this study.  
The large difference in cavity quantities between SB 3 and SB 4 appears to 
be related to the BN inclusion quantities, although the area/volume 
percentages of BN in the two samples are very close. Since the two samples 
are from the same heat, namely the same composition, it seems probably that 
the different distribution of BN is due to the effect of the manufacturing 
methods used in production.  
SB 4 is taken from the steel pipe made by pilgering method. This 
manufacturing method is also called a pierce and pilger rolling process, which 
is employed for outside pipe diameters from approx. 60 to 660 mm and wall 
thicknesses from 3 to 125 mm with pipe lengths of up to 28 m. The basic 
arrangement of a pierce and pilger mill is shown in Figure 5.18. The 
temperature zone in the initial rotary hearth furnace lies in the range of 1250 
to 1300oC. The input rounds pass through the rotary hearth furnace and are 
subsequently descaled by high-pressure water jetting. The rounds are then 
fed to the cross roll piercing mill where they are pierced to produce a thick-
walled hollow shell. Following the cross roll piercing operation, the thick-
walled hollow shell is rolled out in the pilgering stand to produce the finished 
pipe (Brensing and Sommer, 2003). 
SB 3 is taken from the steel pipe made by press drawing method. This is also 
called pierce and draw process, the production range of which lies between 
approx. 200 and 1450 mm in outside diameter, with wall thicknesses ranging 
from approx. 20 to 270 mm, and with a maximum length of around 10 m. This 
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process is specially designed for the manufacture of seamless hollow 
components combining large diameters with large wall thickness and 
therefore provides an effective complement to the product mix available in 
larger pilger mills. Figure 5.19 shows the pierce and draw process. The ingots 
are heated to forming temperature in a soaking pit and then formed into a 
cylinder with integral bottom on a vertical, hydraulic piercing press. This is 
then elongated to its final size on a horizontal hydraulic drawing press using a 
mandrel which corresponds to the requisite inside diameter of the hollow 
component. The hollow shell together with the mandrel is sequentially pushed 
through a series of drawing dies of decreasing diameter until the requisite 
outside diameter has been achieved (Brensing and Sommer, 2003). 
A straightforward diagrammatic representation of the two manufacturing 
methods is presented in the Figures 5.20 and 5.21. By comparing the two 
manufacturing methods, it can be seen that pilgering is a multi-step route 
which could introduce more deformation to the material than press drawing. In 
the pierce rolling mill, the material is elongated to 1.5 and 2 times its original 
length while the reduction in cross section lies between 33 and 50%. In the 
pilger rolling mill, the material is continuously deformed as it passes between 
the rolls and over the mandrel, resulting in an elongation ratio between 5 and 
10, accompanied by a reduction in cross section of approx. 80 to 90%.  
In the pilgering production, assuming BN inclusions form after the rotary 
hearth furnace (1250 to 1300oC), the temperature range of which is high 
enough to dissolve or to prevent the formation of BN (Sakuraya, Okada and 
Abe, 2004), the subsequent mechanical processes bring high deformation to 
materials and result in an inclusion distribution with smaller size and higher 
quantity than the press drawing production. The different BN distributions in 
SB 3 and SB 4 could therefore result from the different manufacturing routes 
and therefore resulting in different creep cavitation behaviours and rupture 
ductility. Additionally, creep cavitation and ductility can also be affected by 
other inclusions such as MnS and Al2O3, although the amount of these 
inclusion types is much less than BN in the selected SB samples.  
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Figure 5.18 Basic arrangement of a pierce and pilger mill, after Brensing and Sommer 
(2003). 
 
 
Figure 5.19 Pierce and draw process, after Brensing and Sommer (2003). 
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Figure 5.20 The production processes in the pilger rolling mill, courtesy of supplier B. 
 
 
Figure 5.21 The production processes in the pierce and draw plant, courtesy of 
supplier B. 
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5.8 Summary 
In this chapter, four creep samples provided by SB were characterised in 
detail to understand the underlying mechanism of the variation of creep 
rupture ductility. Examination of the cavity distribution in the gauge lengths 
shows significantly higher quantity of cavities in the low ductility sample than 
the high ductility one at the same creep testing conditions. The quantification 
results of BN inclusions in the two samples show a similar distribution to the 
creep cavities although the total area percentages are close to each other and 
within the range of BN in the non-creep tested virgin sample.  
Other microstructural features such as MX, M23C6, Laves phase particles, 
PAGBs, and ferrite regions were also characterised. No clear correlation was 
found between these microstructures and the variation in creep rupture 
ductility. Additionally, it should be noted that the analysis was done on the 
samples from the same heat such that chemical composition effects have 
been minimised. 
The ductility of the samples appears to be linked to the BN particle 
characteristics, which in turn can be significantly affected by the production 
method of the pipe. A comparison of two production methods shows that 
potentially more mechanical deformation can be induced by the multi-step 
pilgering process, and there are a consequently higher number and smaller 
size of BN inclusions as a result of production via a pilgering route compared 
to a press drawing one.  
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CHAPTER 6 METALLURGICAL EFFECTS ON THE CREEP 
PERFORMANCE OF G92 STEELS  
 
6.1 Introduction 
Grade 92 steels are manufactured to various sizes and geometries by 
different production methods to meet the requirements of different power plant 
applications such as headers, pipes, tubes, etc. (Masuyama, 1999). 
Specimens taken from these various components can sometimes display 
distinctly different creep performance from each other (e.g. creep rupture life, 
creep rupture ductility, etc.) although they all meet the standard composition 
requirement of Grade 92 steels (Takahashi, 2013). Additionally, different 
manufacturers have their own fabrication routes which generate different 
thermo-mechanical histories which can significantly influence the 
microstructures of the final products. In Chapter 5, SB creep specimens taken 
from the pipes manufactured by two different production processes, multi-step 
pilgering and press drawing, have been compared and discussed in detail to 
understand the reason for the loss of creep rupture ductility in G92 steels. It 
should be noted that the selected SB samples in Chapter 5 were from the 
same heat and therefore the composition effects were minimised.  
In order to understand more about the effects of both the production process 
and the composition, samples from different sources are investigated in this 
chapter. As shown in Figure 6.1, the creep curves of G92 base metal samples 
provided by three suppliers show significantly different creep behaviours at 
the same testing conditions. At most conditions, BM A and BM C are the two 
extreme steels which are therefore the key samples examined and discussed 
in this chapter. 
Most studies of creep performance of CSEF steels published in the literature 
suffer from a number of drawbacks. For example, specific processes of 
microstructural evolution (e.g. evolution of second phase particles, 
precipitation of new phases, subgrain coarsening, etc.) are studied in isolation 
so that the importance of other microstructural events which are equally 
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important (e.g. creep cavitation behaviour) is omitted. In this chapter, a 
detailed comparison of non-crept and crept G92 samples from suppliers A, B 
and C was carried out to provide a comprehensive study of all of the 
metallurgical effects on the creep performance of G92 steels from a 
microstructural point of view. The aim of this chapter is to provide a detailed 
understanding of how the different microstructures present within G92 steels 
as a result of changes in composition of processing history can influence the 
creep performance.  
 
 
Figure 6.1 Creep curves of BM A, B, and C tested at (a) 168 MPa, 600oC; (b) 115 MPa, 
650oC; (c) 145 MPa, 600oC; (d) 90 MPa, 650oC. CRIEPI data, courtesy of Takahashi, Y., 
CRIEPI (2013). 
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6.2 Materials and Sample Information  
Three G92 steels provided by suppliers A, B and C are investigated in this 
chapter with the compositions shown in Table 3.1. All of the alloying elements 
in the three steels fall within the ASME specification for Grade 92 steels. A 
more comprehensive compositional analysis carried out by EPRI is shown in 
Table 3.2 with information for a large number of trace elements. A schematic 
illustration of the three base metal steel products is shown in Figure 6.2. BM A 
is a pipe with a diameter of 610 mm and a thickness of 102 mm with a length 
of 320 mm. BM B is a pipe with an outer diameter of 298 mm and a wall 
thickness of 30 mm. BM C is a flat plate with the thickness of 50 mm, a width 
of 100 mm and a length of 700 mm. The heat treatment information is shown 
in Table 3.3. It should be noted that BM C is not a commercially designed 
steel plate. The plate was a laboratory cast specially produced for research 
purposes.  
Six creep samples including three plain bars and three notched bars were 
taken from BM A, B and C. The samples for the purpose of parallel 
comparisons were all made with the same geometries which are shown in 
Figure 6.3 and 6.4. The creep test conditions and the key information 
concerned with sample failure are shown in Table 6.1 and 6.2. 
 
 
Figure 6.2 Schematic illustrations of three G92 base metal steels. 
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Figure 6.3 Sample geometry and photo of failed plain bar samples, courtesy of Siefert, 
J., EPRI. 
 
 
Figure 6.4 Sample geometry and photo of failed notched bar samples, courtesy of 
Siefert, J., EPRI. 
 
Table 6.1 BM A, B and C plain bar creep test conditions and failure information. 
Sample Base metal Temperature (oC) Stress (MPa) 
G92-30 BM A 
650 90 G92M-9 BM B 
G92J-15 BM C 
 
Life (h) Elongation (%) ROA (%) CRIEPI data ROA (%) EPRI data 
3945 11.2 26.0 20.7 
8593 8.1 16.3 15.6 
14190 11.2 42.2 32.2 
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Table 6.2 BM A, B and C notched bar creep test conditions and failure information. 
Sample Base metal Temperature (oC) Stress (MPa) 
G92-33 BM A 
650 112 G92M-21 BM B 
G92J-23 BM C 
 
Life (h) Elongation (%) ROA (%) CRIEPI data ROA (%) EPRI data 
2844.5 1.6 2.5 3.65 
4890.6 1.2 1.2 3.65 
8835.2 1.9 1.9 2.50 
 
 
6.3 Microstructures in Non-Creep Tested Base Metals 
6.3.1 Martensitic matrix and grain size 
BM A, B and C all present a typical tempered martensitic structure in their as-
received conditions. A semi-automatic processing technique was developed 
and used to reconstruct the prior austenite grain boundaries (PAGBs). Coarse 
EBSD maps (1 mm × 1 mm, with a step size of 1 µm) were collected from the 
three base metals. Grain boundaries between 15o – 50o were chosen to 
reveal PAGBs where the effects of low angle boundaries (<15o, usually 
representing subgrain boundaries and dislocations) and martensitic lath 
boundaries (typically between 50o – 60o) are minimised. In pipe BM A and B, 
PAGBs in the areas from outer wall, middle wall and inner wall were mapped 
out for PAG size measurement. In plate BM C, a random area was selected 
for comparison. Figure 6.5, 6.6 and 6.7 show the EBSD maps and 
corresponding reconstructed PAGBs in the three base metals, respectively. 
The average PAG size of each map was measured and is listed in Table 6.3.  
According to the data, in the different locations of the two pipes, BM A and B, 
the PAG size has the following sequence from smallest to largest: outer wall < 
inner wall < middle wall. BM C has the finest PAG size amongst the three; 
while BM A has the coarsest PAG size in average. The variation in the PAG 
size is due to the different thermal history in the steelmaking process and the 
heat treatment.  
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There is no clear evidence showing the relationship between the PAG size 
and the creep performance, although the overall creep data of three base 
metals indicate that BM A, which has the largest mean grain size, has the 
worst performance while BM C, with the smallest mean grain size, performs 
the best. 
 
 Table 6.3 PAG size data of three base metals. 
Base Metal Average size of PAG (µm) Outer wall Middle wall Inner wall 
A 153 253 208 
B 124 199 149 
C 105 
 
 
 
Figure 6.5 EBSD maps of BM A. Upper images showing IPF superimposed with 
boundaries with misorientation angles between 15o – 50o of (a) outer wall; (b) middle 
wall; and (c) inner wall. Lower images (d) (e) and (f) showing correspondingly 
reconstructed PAGBs.  
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Figure 6.6 EBSD maps of BM B. Upper images showing IPF superimposed with 
boundaries with misorientation angles between 15o – 50o of (a) outer wall; (b) middle 
wall; and (c) inner wall. Lower images (d) (e) and (f) showing correspondingly 
reconstructed PAGBs.  
 
Figure 6.7 EBSD maps of BM C: (a) IPF superimposed with boundaries with 
misorientation angles between 15o – 50o and (b) correspondingly reconstructed 
PAGBs.  
 
6.3.2 Inclusion particles and minor phase precipitates 
As discussed in the previous chapters, the key inclusion particles in G92 
steels are BN, MnS and Al2O3. These three types of inclusions are often 
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thought of as the preferential cavity nucleation sites and therefore the key 
subjects of interest. Some other relevant minor phases are also investigated 
in this section.  
 Thermodynamic simulation 
Thermodynamic simulation was carried out to predict the possible existing 
phases within the three steels. In this study, a ThermoCalc software package 
with database TCFE v6 was used. The predictions of the phases present in 
quantities of less than 0.001 wt.% are shown in Figure 6.8. BN and MnS are 
predicted to be present in all the three steels. Al2O3 is not predicted in any of 
the steels because oxygen was not added into the element list of the 
calculation. According to the calculation results, BN is predicted to form above 
700oC. Another major B-containing phase, M2B, is also predicted to be 
present in the three steels. The AlN phase is predicted only in BM B, which is 
probably because of the higher Al content in BM B than the other two (see 
Table 3.1). 
 Effect of orientation 
SEM examinations of the three base metal steels in two different directions 
were conducted to investigate any sample orientation effect on the 
microstructures, especially with respect to the inclusion particles. Samples in 
both the longitudinal and transverse directions were sectioned and prepared 
from the same location of each base metal. Typical BSD-SEM images of the 
different directions for the three base metals are shown in Figure 6.9. From 
the images, it is evident that the longitudinal direction of BM A has a distinctly 
different particle distribution from the others. A string of particles clustered 
together and a thin long particle were found in Figure 6.9 (a). These do not 
appear in other images. In Figure 6.9 (b) – (f), a relatively homogeneous 
distribution of the particles can be observed. Further examination of the 
longitudinal direction of BM A shows that there are large amounts of thin 
elongated individual particles and also strings of particle clusters present in 
BM A. As shown in Figure 6.10, the long axis of the thin particles and the 
particle strings are parallel to the longitudinal direction. The long axis of the 
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particle varies in length from 5 to 50 µm. In some cases, extremely large 
particles were also observed. A typical example is shown in Figure 6.10 (c). 
 
 
 
Figure 6.8 Thermodynamic predictions of possible minor phases in the three steels (a) 
BM A; (b) BM B; and (c) BM C. 
(a) 
(b) 
(c) 
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Figure 6.9 BSD-SEM images of three base metals with different directions showing the distribution of inclusion particles (in black). (a) (b) 
(c) are the longitudinal direction of BM A, B and C; and (d) (e) (f) are the transverse direction of the samples from the same locations.  
 
(a) BM A (longitudinal) 
(d) BM A (transverse) 
(b) BM B (longitudinal) 
(e) BM B (transverse) 
(c) BM C (longitudinal) 
(f) BM C (transverse) 
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Figure 6.10 (a) Schematic illustration of the two directions of BM A; (b) BSD-SEM image 
showing the distribution of thin long shape particles parallel to the longitudinal 
direction in an area close to the pipe outer wall; (c) BSD-SEM image showing an 
extremely large particle with the long axis of approx. 180 µm. 
 
 Inclusions in BM A 
SEM examination with EDS analyses were carried out on the thin long 
particles and the particle clusters. There are several different types of particle 
clusters observed and identified including elongated MnS/Al2O3, BN strings, 
MnS/Al2O3 associated with reversible ferrite, BN associated with reversible 
ferrite, etc. 
Figure 6.11 shows an elongated MnS and Al2O3 particle cluster found in the 
middle wall area of BM A. From the EDS elemental maps, it is evident that 
there are three types of particles clustered together in this case. The Ca-rich 
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Al2O3 and the Ca-free Al2O3 are thought probably to form at the different 
stages of the production process. 
Another feature frequently found in the longitudinal direction in BM A is shown 
in Figure 6.12 in which BN particles and W-rich particles can be seen to be 
clustered together to form a string feature. Some of the particle strings were 
associated with reversible ferrite. Detailed phase identification of W-rich 
particles within ferrite regions has been discussed in Chapter 4. Figure 6.13 
shows a string of a large number of BN particles associated with W-rich 
particles. Figure 6.14 shows two elongated MnS particles adjacent to the 
BN/reversible ferrite cluster.  
Elongated inclusions were not observed in BM B and BM C, which is probably 
due to their different fabrication routes. BM A is a relatively large pipe and 
therefore a vertical extrusion process was used to meet the requirement of the 
pipe geometry (shown in Figure 6.15). The thermo-mechanical process of this 
production method apparently results in the formation of the large amounts of 
elongated inclusion particles and clusters parallel to the vertical direction 
(longitudinal axis of the pipe).   
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Figure 6.11 High magnification SEM image showing the morphology of a thin long 
particle cluster in BM A. Corresponding EDS maps revealing the particle constituents 
which are MnS and two types of Al2O3.  
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Figure 6.12 SEM image with EDS elemental maps showing the association of BN and 
reversible ferrite in BM A. 
 
Figure 6.13 SEM image with EDS elemental maps showing a string of BN particles 
clustered with W-rich particles in BM A. 
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Figure 6.14 SEM image with EDS elemental maps showing elongated MnS particles adjacent to the reversible ferrite and BN particles in BM 
A. 
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Figure 6.15 Production process of BM A pipe, provided by supplier A. 
 
 Minor phase precipitates 
In the thermodynamic simulations, the M2B phase is predicted in all three 
base metals. The calculation of the M2B composition as a function of 
temperature in BM A is shown in Figure 6.16 (b) as an example. M stands for 
Cr, Mo, W and Fe. However, no W-rich borides were found in any of the 
steels in practical microscopy examinations.  
However, a different type of boride was observed in BM A and BM C. As 
shown in Figure 6.17, some Nb-rich boride particles are present near BN and 
reversible ferrite regions in BM A. The Nb-rich boride particles can be often 
observed near BN/MnS/reversible ferrite regions in BM A, although they were 
not predicted in the thermodynamic simulations. Typical examples in BM A 
with EDS point analyses on the relevant particles are shown in Figure 6.18 
and 6.19. The Nb-rich boride phase is presumably formed at the solidification 
stage, but no further study of this phase was carried out in this research. 
Since Nb is an important element for Nb(C,N) type MX precipitation, the 
formation of large needle shape Nb-rich boride which consumes large 
amounts of soluble Nb atoms is thought to be detrimental to the steel.  
In BM C, there are no BN/MnS/reversible ferrite cluster regions. Round 
shaped Nb-rich boride particles are sparsely distributed all over the sample 
with a size of approx. 200 – 300 nm in diameter. The distribution of this phase 
in BM C and the EDS analyses are shown in Figure 6.20. Considering the 
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small size and the low quantity, the effect of the formation of the Nb-rich 
boride on other microstructures and creep performance is likely to be 
negligible. 
Although M2B is predicted in BM B, no boride was found in this steel after 
careful examination. Due to the relatively high Al content in the BM B 
composition (0.015 wt.% in BM B. while 0.001 wt.% in BM A and 0.002 wt.% 
in BM C), AlN is predicted to form in BM B below 932oC. As shown in Figure 
6.21, most AlN particles possess a needle-like morphology with a dark 
appearance when compared to the matrix in SEM backscattered mode. The 
AlN particles are sparsely distributed all over the sample and sometimes are 
associated with BN particles. The length of the long axis of an AlN particle 
was observed to range from several hundreds of nanometres up to one 
micron. The AlN phase in BM B is chemically identified by EDS point analysis 
shown in Figure 6.22. The formation of the AlN phase is believed to be 
detrimental because Al is a stronger nitride forming element than V so 
nitrogen preferentially combines with Al, and therefore the precipitation of fine 
VN-type MX is suppressed which is known for its creep resisting properties. 
Table 6.4 summarises the minor phases which are predicted in 
Thermodynamic calculation and observed in experiments. 
 
 
Figure 6.16 Thermodynamic calculation of BM A: (a) minor phases (<0.001 wt.%); and 
(b) M2B composition as a function of temperature. 
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Figure 6.17 SEM images showing the presence of Nb-rich boride near inclusion/ferrite 
regions in BM A. 
 
Table 6.4 A summary of minor phases which are predicted in thermodynamic 
calculation and observed in experiments.  
 Predicted minor phases Observed minor phases 
BM A BN, MnS, M2B BN, MnS, Nb-rich boride 
BM B BN, MnS, M2B, AlN BN, MnS, AlN 
BM C BN, MnS, M2B BN, MnS, Nb-rich boride 
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Figure 6.18 (a) High magnification SEM image showing the association of Nb-rich 
boride and MnS; (b) EDS spectrum of MnS; and (c) EDS spectrum of Nb-rich boride 
particle. 
 
Figure 6.19 (a) High magnification SEM image showing the presence of Nb-rich boride 
near MnS and BN particles; (b) EDS spectrum of MnS; (c) EDS spectrum of Nb-rich 
boride particle; and (d) EDS spectrum of BN. 
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Figure 6.20 Low and high magnification SEM images with EDS spectra of two particles 
showing the presence of Nb-rich boride in BM C.  
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Figure 6.21 SEM image and EDS elemental maps showing W-rich Laves phase particles 
(in bright), needle shape AlN particles (in dark), and BN particles (in dark). 
 
 
Figure 6.22 (a) High magnification SEM image showing needle-like morphology of AlN 
(arrowed); (b) EDS spectrum of the AlN particle in (a). 
 
6.3.3 M23C6 and MX precipitates  
The chemical compositions of M23C6 precipitates of the three base metals 
were measured using a Tecnai STEM-EDS detector on carbon extraction 
replica samples. 20 random isolated M23C6 particles were analysed using 
EDS techniques for each base metal. A typical M23C6 spectrum taken from 
BM A is shown in Figure 6.23. The Cu peak is from the copper support grid 
which is not considered as a part of the M23C6 composition and therefore Cu 
is eliminated from the quantification. The measured compositions of M23C6 in 
three steels are plotted in Figure 6.24. No significant differences in the 
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chemical compositions of the M23C6 particles were found between the three 
samples as shown from the figure.  
The chemical compositions of MX precipitates were also analysed using EDS 
and plotted, as shown in Figure 6.25. It can be seen from the ternary graphs 
that the MX precipitates in BM A possess both Nb- and V-rich types of MX 
with approximately equal distribution, whereas in BM B, fewer VN types were 
observed, and in BM C, the amount of the Nb(C,N) type MX becomes 
negligibly small.  
In BM B, a possible explanation for the lack of VN-type MX is that the 
formation of AlN particles suppresses the VN precipitation during the heat 
treatment. More VN particles were detected after long term creep, which has 
been discussed in Chapter 5. In BM C, the effect of formation of the Nb-rich 
boride on the Nb(C,N) precipitation is difficult to quantify, but is likely to result 
in less Nb available within the matrix. The lack of Nb-rich type MX in this case 
could therefore be linked to the availability of Nb within the matrix. 
 
 
Figure 6.23 A typical STEM-EDS spectrum showing the chemical composition of an 
M23C6 particle in BM A. The Cu peak is from the copper support grid. 
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Figure 6.24 Chemical compositions of M23C6 particles in three base metals. 20 random 
isolated particles per sample were measured by STEM-EDS on carbon extraction 
replica samples. 
 
Figure 6.25 Ternary graphs showing the variation in the Cr/Nb/V ratios of MX 
precipitates in the three base metals, measured by STEM-EDS on carbon extraction 
replica samples. 
 
6.3.5 Ferrite 
The observation of reversible ferrite associated with other microstructural 
features (BN, MnS, Nb-rich boride) has been mentioned in the previous 
sections. In BM A, BN particles and reversible ferrite were often observed to 
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be clustered together parallel to the longitudinal axis of the pipe (as shown in 
Figure 6.26).  
The formation sequence of BN and reversible ferrite is not fully understood in 
this case, although they are frequently observed to appear together. 
According to the literature (Bhadeshia and Svensson, 1993), boron has the 
largest effect on the C-curve for reconstructive transformation to ferrite in a 
time-temperature-transformation (TTT) diagram (see Figure 6.27). Assuming 
the formation of BN inclusions consumes large amounts of local soluble 
boron, the C-curve in the TTT diagram would shift towards left which means 
the formation of ferrite in the low boron area would be easier than high boron 
area under fast cooling.  
Detailed characterisation of the phases present in the ferrite regions has been 
discussed in Chapter 4. Hardness tests were also performed on the ferrite 
regions and the matrix to assess the effect on the creep strength and ductility. 
Figure 6.28 shows the hardness indents on the ferrite regions and the 
martensitic matrix of a SA creep sample. It is interesting to see that in the 
head section of the creep sample the ferrite regions are softer than the matrix 
whereas in the gauge section the situation is reversed (see Table 6.5). Ferrite 
is a relatively soft phase compared to martensite. However, the large number 
of second phase particles present in the reversible ferrite regions may 
increase the hardness, and there is a possibility of mechanical constraint. It is 
assumed that the precipitation hardening effect is enhanced after long term 
creep exposure, especially in the gauge length.   
As mentioned previously, reversible ferrite ‘islands’ were observed in BM A, 
whereas in BM B and BM C, there was no obvious evidence showing the 
presence of ferrite. According to Knezevic et al. (2014), no significant 
differences in creep behaviour was found between two different P92 heats, 
one with 8% and the other one with 0% ferrite. However, in this study the 
reversible ferrite has been found to have a strong relationship with BN 
inclusions, which are important for their role as potential cavity nucleation 
sites. Additionally, large amounts of W-rich particles found within the ferrite 
regions means that the consumption of soluble W in the matrix and therefore 
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the solid solution hardening effect is suppressed, which could be part of the 
reason that BM A samples show a worse performance than the other two 
base metals in creep testing.   
 
 
Figure 6.26 SEM image taken from the middle wall area of BM A showing a typical 
example of the association of reversible ferrite and BN parallel to the longitudinal 
direction of the pipe. 
 
Figure 6.27 The effect of boron on the TTT diagram showing a pronounced effect on 
the allotriomorphic ferrite transformation (Bhadeshia and Svensson, 1993). 
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Figure 6.28 Optical micrograph of an etched SA sample showing hardness indents on 
the ferrite regions and within the martensitic matrix. The hardness measurements were 
carried out using a 0.01 kg load to assure the indents are small enough to hit onto the 
ferrite regions. 
 
Table 6.5 Average hardness values measured on matrix and ferrite regions in both 
head and gauge sections of a SA creep sample (HV0.01). 
 Matrix Ferrite region 
Head 231.9±5.2 215.1±3.1 
Gauge 225.7±6.4 240.6±7.5 
 
 
6.4 Investigation of Plain Bar Samples 
In order to understand the effects of chemical composition and key 
microstructural features on the creep performance, two extreme G92 steels, 
BM A and BM C plain bars, were selected for analysis. The creep cavities and 
BN inclusions were quantitatively characterised. Grain boundaries were 
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mapped out using EBSD to investigate the martensitic recovery after high 
temperature creep exposure.  
6.4.1 Comparison of creep cavities 
Figure 6.29 gives a direct comparison of creep cavities in the same locations 
of the two failed samples. The quantitative analyses of creep cavities along 
the gauge lengths are shown in Figure 6.30. Although BM A (3945 h) has a 
much shorter creep lifetime than BM C (14,190 h), the number of cavities, 
cavitated area and cavity size in the homogeneously deformed part of BM A 
are all higher than BM C. In the area close to the fracture, BM C shows higher 
values of cavity size than BM A because BM C has a higher rupture ductility, 
which induces more creep damage. In addition, BM C displays a smoother 
curve through the gauge length than BM A, which indicates a better 
homogeneity of the cavity distribution within BM C. 
 
Figure 6.29 SEM backscattered images showing the size, number and distribution of 
creep cavities in different locations of BM A and BM C: (a) (d) close to the fracture; (b) 
(e) middle of the gauge length; and (c) (f) close to the head-gauge transition area. 
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Figure 6.30 Quantification data of the creep cavities in BM A and BM C along the gauge 
length: (a) number of cavities in BM A, (b) number of cavities in BM C, (c) cavitated 
area in BM A, (d) cavitated area in BM C, (e) cavity size in BM A, and (f) cavity size in 
BM C. The error bars indicate the standard deviation of five individual measurements.    
 
6.4.2 Comparison of BN particles 
BN particles were quantified in the head sections of the three plain bar creep 
samples. The SEM images used for quantification were all taken from the 
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transverse direction. 20 images were collected for each sample with a 
magnification of ×1000 (297 × 223 µm2), which are equivalent to a sampling 
area of 1.32 mm2.  
The quantification data for the BN particles are shown in Figure 6.31. In the 
three samples, the values of BN area percentage are close to each other. 
However, the number and size of particles indicate a large difference in the 
BN characteristics. According to the quantification data, BM B has the highest 
number and smallest size of BN particles amongst three. However, the 
quantification data of BN detected in BM B may be affected by the presence 
of AlN particles which have a similar contrast to BN in BSD-SEM mode (see 
Figure 6.21). 
The BN particles in BM C are almost twice as many in quantity and smaller in 
size than BM A. However, despite the fact that BM C is considered to have 
more BN-type cavity nucleation sites than BM A according to the BN 
quantification, the actual cavity number in BM C is less than BM A along the 
gauge length of the plain bar samples. One of the reasons is that BM A has 
many more other types of inclusions than BM C, such as MnS and Al2O3. 
Another possible reason is that there is a critical value of BN size, below 
which the initiation of cavities becomes difficult. It is possible that several of 
the BN particles in BM C are smaller than the critical size and therefore the 
nucleation of cavities in BM C is much more difficult than BM A. More 
evidence comparing cavity initiation in BM C and BM A will be presented and 
discussed in the later Section 6.5.1. 
6.4.3 Grain boundary evolution 
Grain boundaries were mapped out using EBSD in the non-creep conditions 
of the three base metals and the head sections of the creep samples. The 
misorientation angle range between 2o – 15o was selected to represent low 
angle grain boundaries (subgrain boundaries and dislocations), and 15o – 
180o was selected to represent high angle grain boundaries (martensitic lath 
boundaries and PAGBs). An area of 150 × 150 µm2 of each sample was 
selected and mapped. The grain boundary maps are shown in Figure 6.32 
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and the corresponding data are plotted in Figure 6.33. Although the creep 
exposure time of the three samples is different from each other, no significant 
differences were found with respect to the grain boundary data. This is 
probably because the creep exposure time is not long enough to trigger the 
dramatic martensitic recovery process.  
 
Figure 6.31 Quantification data of BN particles in the head sections of the three base 
metals: (a) number of BN, (b) size of BN, and (c) area percentage. The error bars 
indicate the standard deviation of 20 individual measurements. 
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Figure 6.32 EBSD scans (150 × 150 µm2 with a step size of 0.1 µm) applied on (a) BM A 
non-creep condition, (b) head section of BM A plain bar, (c) BM B non-creep condition, 
(d) head section of BM B plain bar, (e) BM C non-creep condition, and (b) head section 
of BM C plain bar. Low angle boundaries (2o – 15o) are shown in red and high angle 
boundaries (15o – 180o) are shown in blue. 
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Figure 6.33 Histogram plots showing the evolution of grain boundaries: (a) high angle 
and low angle boundary length in EBSD maps of three base metals at different 
conditions; (b) comparison of low angle/high angle boundary ratio of three base metals 
at different conditions. 
 
6.5 Investigation of Notched Bar Samples  
Notched bar samples made from the three suppliers’ materials were also 
investigated in this study. The notches on the gauge length can induce 
uneven stress distribution where high stress concentration area can 
accelarate the process of the cavity nucleation, cavity linkage, formation of 
microcraks and final rupture. Careful inspection of interrupted creep tesing 
notched bar samples can provide useful information of cavity nucleation and 
failure mode. 
6.5.1 Comparison of larger diameter regions  
While extensive efforts have been made to produce creep rupture data, much 
less emphasis has been placed in the past on providing interrupted materials 
states. One of the benefits of testing notched bar specimens is that there is a 
variation in the stress distribution along the gauge length. Rather than only 
focusing on the notched regions, the larger diameter regions of the gauge, 
where the stress is considered to be low, also give highly valuable information 
on the creep cavitation behaviour after creep rupture. The low stress regions 
can be regarded as the interrupted states of the creep samples and the study 
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of controlled samples at different damage levels is clearly important to assess 
trends in creep behaviour. 
In the low stress regions, creep cavities were frequently observed to be 
associated with BN inclusions in both samples. The BM A notched bar sample 
failed after 2844.5 h and two typical examples of BN/cavity association in the 
low stress region are shown in Figure 6.23 (a) and (b). The BM C notched bar 
sample failed after 8835.2 h, which is about three times longer than BM A. 
The examples of BN/cavity association in the BM C low stress region are 
shown in Figure 6.23 (c) and (d). It is evident that nucleation of creep cavities 
on BN inclusions in BM C is much more difficult than BM A. Many BN particles 
in the BM C sample low stress region were found to remain well cohered to 
the matrix (see Figure 6.35) and the signs of the beginning of cavity 
nucleation were also observed around some BN particles after creep rupture 
(see Figure 6.36). This was seldom found in BM A, although the two notched 
samples were creep tested at the same condition. As mentioned before, a 
possible explanation is related to the difference in the BN size. Small BN 
particles below a critical size value, may be hard to trigger the cavity 
nucleation, whereas this process could be much easier in the case of the 
larger particles. Another possible explanation is there may be some effects of 
the trace elements in the steel such as Cu, O, Co, etc. In comparison to BM C 
which is a ‘clean’ research steel, BM A contains more trace elements (see 
Table 3.2) although most of them can not be picked up by EDS. 
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Figure 6.34 High magnification in-lens SEM images showing the BN/cavity association 
in the low stress regions of (a), (b) BM A after 2844.5 h creep and (c), (d) BM C after 
8835.2 h creep. 
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Figure 6.35 High magnification in-lens SEM images showing individual BN particles in the low stress region of the gauge length of BM C 
notched bar sample with no cavity was observed to be associated with these BN particles after 8835.2 h creep at 650oC. 
 
 
Figure 6.36 High magnification in-lens SEM images showing individual BN particles in the low stress region of the gauge length of BM C 
notched bar sample with the sign of cavity nucleation (arrowed) after 8835.2 h creep at 650oC. 
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6.5.2 EBSD analyses on unfailed notched samples 
In each of the notched bar samples, two geometrically symmetric notches 
were made in the gauge length. The creep failure only occurs at one of the 
notches and leaves the other notch macroscopically intact. This provides an 
opportunity to study the unfailed notch region to understand the actual failure 
mode which caused failure on the second notch. The samples were therefore 
sectioned along the gauge length. In the notched area, large amounts of 
cavities, cavity linkages and cracks can be observed in SEM examination (see 
Figure 6.37). 
The presence of the notches leads to a stress concentration and accelerates 
the creep testing process. When one of the notches fails in creep testing, the 
unfailed one is actually at a near failure state. It has been discussed in 
Chapter 4 that the locations of creep cavities do not sit on any specific type of 
grain boundaries (e.g. PAGBs, martensitic lath boundaries, etc.). In some 
cases, the average size of cavities is even bigger than the width of martensitic 
lath, and therefore not possible to confirm the relationship between cavity 
nucleation sites and lath boundaries. EBSD large area mapping on the cracks 
and cavity linkages at the near failure state can be useful to investigate the 
crack propagation path selection to see if the cracks follow any specific grain 
boundaries. 
The areas with obvious cracks and cavity linkages in the unfailed notch 
regions of the three samples were mapped by EBSD. Figure 6.38 and 6.39 
show the microcracks and cavity linkages in BM A. The EBSD maps of the 
cracks developed in the notch region of BM B are shown in Figure 6.40 – 
6.44. The cracks in Figure 6.45 – 6.47 are from the notch region of BM C. Ten 
areas in total were EBSD-mapped in the three samples. It can be summarised 
from the maps that most cracks propagate sometimes along the PAGBs and 
sometimes into the PAGs. Since the crack propagation follows a mixed path, 
inter- and trans-granular, an important conclusion can be drawn that the low 
ductility failure of G92 steels is not originated from the grain boundary 
embrittlement or related to theories concerning the failure of grain boundaries. 
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Figure 6.37 Low magnification SEM images showing the distribution of microcracks and cavities in the unfailed notched regions of (a) BM A, (b) 
BM B and (c) BM C. 
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Figure 6.38 Coarse EBSD maps showing the microcrack propagation path in the 
unfailed notch region of BM A (area 1): (a) IQ (image quality) map, (b) IPF (inversed 
pole figure) + PAGBs (prior austenite grain boundaries), and (c) non-indexed points + 
PAGBs. 
 
(a) (b) (c) 
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Figure 6.39 Coarse EBSD maps showing the cavity linkages in the unfailed notch 
region of BM A (area 2): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points + 
PAGBs. 
 
 
 
 
 
(a) (b) (c) 
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Figure 6.40 Coarse EBSD maps showing the crack propagation path in the unfailed 
notch region of BM B (area 1): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points 
+ PAGBs. 
 
(a) (b) (c) 
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Figure 6.41 Coarse EBSD maps showing the crack propagation path in the unfailed 
notch region of BM B (area 2): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points 
+ PAGBs. 
(a) (b) (c) 
169 
 
 
Figure 6.42 Coarse EBSD maps showing the crack propagation path in the unfailed 
notch region of BM B (area 3): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points 
+ PAGBs. 
 
 
(a) (b) (c) 
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Figure 6.43 Coarse EBSD maps showing the crack propagation path in the unfailed 
notch region of BM B (area 4): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points 
+ PAGBs. 
 
(a) (b) (c) 
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Figure 6.44 Coarse EBSD maps showing the crack propagation path in the unfailed 
notch region of BM B (area 5): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points 
+ PAGBs. 
 
 
 
 
(a) (b) (c) 
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Figure 6.45 Coarse EBSD maps showing the crack propagation path in the unfailed 
notch region of BM C (area 1): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points 
+ PAGBs. 
(a) (b) (c) 
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Figure 6.46 Coarse EBSD maps showing the cavity linkages in the unfailed notch 
region of BM C (area 2): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points + 
PAGBs. 
 
(a) (b) (c) 
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Figure 6.47 Coarse EBSD maps showing the crack propagation path in the unfailed 
notch region of BM C (area 3): (a) IQ map, (b) IPF + PAGBs, and (c) non-indexed points 
+ PAGBs. 
 
6.6 Summary 
In this chapter, the microstructures of three non-creep tested base metals A, 
B and C were characterised in detail. Characterisation was also carried out on 
plain bar and notched bar creep samples in the same materials. The ‘worst’ 
steel BM A and the ‘best’ steel BM C were selected for comparison in some 
cases due to their extreme performance in creep testing. 
The key inclusion particles, BN, MnS and Al2O3, characterised in the previous 
chapters were all found in the three steels with different characteristics. BM A 
is the only steel whose microstructures are strongly affected by the product 
orientation. In BM A, large amounts of BN / MnS / Al2O3 / reversible ferrite 
clustered together were observed parallel to the longitudinal direction of the 
(a) (b) (c) 
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pipe, which is believed to be the result of the vertical extrusion process. The 
heterogeneous distribution of inclusion particles in BM A led to the 
heterogeneous distribution of creep cavities compared to BM C.  
Nb-rich boride particles were found near the inclusion clusters in BM A. This 
phase was also observed in BM C with very small particle sizes and low 
quantities. Needle shaped AlN particles were also observed and identified by 
EDS in BM B due to the high Al content.  
BN was quantified in the head sections of plain bar samples of three steels. 
The total area percentages of BN in each sample were similar. Although BM B 
has the highest number of BN, the quantification result may be affected by the 
presence of AlN particles which appear dark in BSD-SEM examination. BM C 
has twice as many BN particles with smaller particle sizes than BM A. Linking 
to the investigation of cavity / BN association in the low stress regions of the 
notched bar samples, the BN particles in BM C appear to be much more 
difficult to initiate cavities than BM A. A possible explanation is that there is a 
critical size of BN particles such that only the particles with a size above the 
critical value can trigger the cavity nucleation. The initiation of cavities on 
those particles smaller than the critical value is thought to be more difficult. 
EBSD mapping on the unfailed notch regions were performed to investigate 
the failure mode. Since both intergranular and transgranular crack 
propagation were observed, no clear information supports grain boundary 
embrittlement or grain boundary failure theory in G92 steels.  
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CHAPTER 7 THE EFFECTS OF BN ON THE PRECIPITATION OF MX AND 
M23C6 CARBIDES 
 
7.1 Introduction 
One of the initial purposes of the addition of boron to CSEF steels was to 
benefit from its ability to interact with diffusing atoms to retard the grain 
boundary diffusion. In G92 steels, this ability of boron is reflected in the 
reduction of coarsening rate of M23C6 particles which provide the pinning 
effect on the grain boundary diffusion to suppress microstructural degradation. 
However, boron itself is a strong nitride forming element which consumes 
soluble nitrogen at high temperatures to form BN particles. The detrimental 
effect of BN inclusions on creep behaviour has been related to the nucleation 
of creep cavities, which are thought to be one of the important reasons of the 
reduction of creep ductility and rupture strength. On the other hand, the 
consumption of free nitrogen also reduces the initial benefit of adding this 
element to provide a precipitation hardening effect by combining with certain 
elements such as vanadium and niobium to form a fine distribution of MX 
particles. 
The precipitation of BN therefore was not originally designed to be the case 
for G92 steels and the open literature focusing on the BN issues in G92 steels 
is scarce. BN has been shown to be associated with cavity nucleation sites in 
the previous chapters. However, the effects of BN formation on the other 
microstructural features have not been addressed systematically. This chapter 
has therefore investigated the actual dissolution temperature of BN inclusions 
using a dilatometer to achieve precise temperature control. In addition, the 
key second phases, MX and M23C6, which are most likely to be affected by 
BN, were investigated in parallel. The aim of this chapter is to investigate the 
BN dissolution behaviour as a function of temperature and to provide a 
quantified understanding of the effects of BN on the precipitation and 
evolution of MX and M23C6.  
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7.2 Materials and Experiments 
Non-creep tested base metals A, B and C were used to conduct the 
dilatometer simulation experiments in this study. The samples taken from the 
original base metal pipes and plate are hereafter called virgin BM A, B, and C 
(VA, VB, and VC). The samples after re-heat treatment either in a furnace or a 
dilatometer are hereafter called re-heat treated BM A, B, and C. The 
dilatometer was used for the studies of the precise BN dissolution 
temperature, whereas a furnace was used for the systematic study of the 
influence of BN after a tempering heat treatment.  
It is not practical to interrupt the steel manufacturing processes, and therefore 
getting samples from the intermediate steps during manufacturing is difficult. 
The approach of investigating the BN formation temperature in this study was 
to simulate the dissolution temperature in a dilatometer rather than looking for 
BN-containing and BN-free semi-finished products from the intermediate 
steps of manufacturing line. Additionally an investigation of the dissolution 
behaviour of BN at elevated temperatures can help to understand its influence 
on the other related microstructural features such as MX and M23C6 
precipitates. The BN dissolution temperature was investigated from a starting 
re-austenitising temperature of 1200oC, and then reduced in 25oC steps to 
1100oC. Each sample was held in the dilatometer for 2 hours at the 
austenitising temperature. The re-austenitised samples were then thoroughly 
examined by SEM and EDS. 
In order to understand the influence of the soluble boron and nitrogen 
consumed by BN formation, a re-heat treatment process was designed to 
dissolve all the BN particles by re-normalising the original base metal samples 
at 1200oC and to re-precipitate the second phase particles by tempering them 
at 777oC. The re-normalising temperature was determined based on the 
research of the BN solubility at elevated temperatures in 9Cr-3W-3Co-V-Nb 
type steels (Li et al., 2013). The re-tempering conditions used were based on 
a simulation of the tempering process of base metal A. The samples were 
firstly put into the furnace to re-austenitise at 1200oC for 2 hours, then water 
quenched to room temperature, followed by a re-tempering at 777oC for 4.5 
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hours, then air cooled to ambient. A schematic diagram of the re-heat 
treatment process is shown in Figure 7.1. A direct comparison of the original 
heat treatment conditions and the re-heat treatment condition is shown in 
Table 7.1. The chemical compositions of MX particles in the re-heat treated 
samples were investigated by using STEM-EDS on carbon extraction replica 
samples. 
Parallel isothermal ageing experiments were conducted in the furnace to 
compare the evolution of M23C6 precipitates in the original samples VA & VC 
and BN-free re-heat treated BM A & BM C. The ageing durations were 50, 
200, 500, 1000, and 2000 hours. The ion beam imaging technique was 
deployed to quantify the M23C6 precipitates in each aged sample. 
 
Figure 7.1 Schematic illustration of time-temperature plot showing the re-heat 
treatment procedures. 
 
Table 7.1 Original and re-heat treatment conditions of three base metals. 
. Normalizing Tempering 
Post-weld 
heat 
treatment 
Re-
austenitising 
Re-
tempering 
BM 
A 
1066±14oC 
for 2.5 h then 
forced fan 
cool 
777±14oC 
for 4.5 h 
then air cool 
760oC for 
5 h 
1200oC for 2 h 
then water 
quenching 
777oC for 
4.5 h then 
air cool 
BM 
B 
1060oC 770oC None 
BM 
C 
1070oC for 4 
h then forced 
fan cool 
780oC for 1 
h then air 
cool 
None 
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7.3 Investigation of BN Dissolution  
According to the thermodynamic simulations, BN is not predicted to be stable 
at the creep testing temperatures, which has been discussed in the previous 
chapters. The formation of BN in Grade 92 steels is therefore thought to be a 
result of the initial steel manufacture, with formation occurring at high 
temperature and then remaining present in the subsequent lower temperature 
heat treatments. The dissolution behaviour of BN was therefore evaluated by 
re-austenitising base metal samples at elevated temperatures.  
According to Sakura, Okada and Abe (2005), coarse size BN inclusions start 
to dissolve with time at 1200oC and completely dissolve at 1250oC in a short 
time in low carbon 9Cr-3W-3Co-V-Nb steels (see Figure 7.2). Li et al. (2013) 
suggested that austenitising temperatures ranging from 1175oC to 1200oC 
with durations of 1 to 7 hours can effectively dissolve the BN particles, also in 
9Cr-3W-3Co-V-Nb type steels.    
In this study, the trials of re-austenitising were carried out on BM A because 
the average size of BN inclusions in BM A was the largest when compared to 
the other two base metals (see Figure 6.31). Accurate temperature and time 
control was achieved by dilatometer to perform the re-austenitising at 1200oC 
for 2 hours on the BM A cylinder as the first trial. The cylinder was then 
sectioned in half. Figure 7.3 shows the dissolution phenomenon of BN in the 
cross section of the cylinder which was confirmed by EDS mapping. No boron 
or nitrogen was visible from the maps in the round shaped pores, which are 
believed to be the locations of former BN particles.  
In order to determine the accurate BN dissolution temperature in G92 steels, 
a temperature reduction step of 25oC from 1200oC down to 1100oC was 
systematically applied to the BM A samples, and the cross section of each 
sample was SEM examined after re-austenitising. As can be seen from Figure 
7.4, BN inclusions are fully dissolved after austenitising at 1125oC for 2 hours, 
but no sign of BN dissolution was observed in the sample austenitised at 
1100oC. The results of BN dissolution after various austenitising temperatures 
are shown in Table 7.2. The same procedures were also repeated on BM B 
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and BM C and the results were exactly the same, with all temperatures at and 
above 1125oC resulting in dissolution of the original BN particles. 
  
 
Figure 7.2 Dissolution behaviour of coarse size BN inclusions after various heat 
treatments of high Cr steels, after Sakura, Okada and Abe (2005). 
 
 
Figure 7.3 SEM image and EDS elemental maps of BM A after re-autenitising at 1200oC 
for 2 hours. No BN was detected within the pores. Si and O maps indicate the residual 
colloidal silica from sample preparation.  
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Figure 7.4 SEM images of BM A after re-austenitising at: (a), (b) 1125oC for 2 h and (c), 
(d) 1100oC for 2 h. 
 
Table 7.2 Re-austenitising treatments carried out in the dilatometer to investigate the 
dissolution of BN. The heating and cooling rates were both controlled at 10oC/s. 
Re-austenitising temperature (oC) Holding time Outcome 
1200 
2 h BN fully dissolved 
1175 
1150 
1125 
1100 BN not dissolved 
 
 
7.4 Effect of BN on MX 
The formation of BN in Grade 92 steels consumes large amounts of soluble 
nitrogen which is an important source of nitrogen for MX precipitation. In order 
to investigate the effect of BN formation on the precipitation behaviour of MX 
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particles, re-heat treatment was applied to fully dissolve BN and then to re-
precipitate MX by re-tempering after BN dissolution. The chemical 
distributions of MX precipitates of three base metal steels were characterised 
using STEM-EDS technique on carbon extraction replica samples. The results 
are plotted in the ternary graphs shown in Figure 7.5. 
In the virgin conditions, MX precipitates in BM A, B and C show very different 
chemical distributions as discussed in last chapter (see Figure 7.6, a 
reproduction of Figure 6.25). After re-heat treatment, it is evident that more 
VN-type MX particles were detected by EDS due to high amounts of soluble 
nitrogen atoms in the matrix after BN dissolution regardless of their initial MX 
chemical distribution. It is noted that the effect was not as marked for BM C, 
which was a relatively clean research cast. 
 
Figure 7.5 Ternary graphs showing the variation in Cr/Nb/V ratios of MX precipitates in 
three base metals after re-heat treatment: (a) re-heat treated BM A, (b) re-heat treated 
BM B, and (c) re-heat treated BM C. 
 
Figure 7.6 A reproduction of Figure 6.25 showing the variation in the Cr/Nb/V ratios of 
MX precipitates in the three base metals, measured by STEM-EDS on carbon extraction 
replica samples. 
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7.5 Effect of BN on M23C6 
As discussed in Chapter 6, the variation in the chemical compositions of 
M23C6 precipitates in different base metals has been found to be insignificant. 
It is assumed that there is no influence on the M23C6 chemical constitutents 
from either the manufacturing route or the subsequent heat treatment. The 
samples VA & VC and re-heat treated BM A & BM C were isothermally aged 
at 650oC for 50, 200, 500, 1000 and 2000 hours to artificially induce M23C6 
particle coarsening. In each sample, five ion beam induced SE images were 
obtained to cover a sampling area of 2500 µm2 to increase the confidence in 
the quantitative analysis. One typical ion beam induced SE image of each 
sample is shown in Figure 7.6 and 7.7. The average size of M23C6 particles in 
each sample was obtained by using the ImageJ software and is listed in Table 
7.3. Figure 7.8 compares the size distribution of the M23C6 particles between 
the four sample pairs – VA, VC, re-heat treated BM A and re-heat treated BM 
C aged at 650oC for 50 hours and 2000 hours, respectively. The 
corresponding particle coarsening rates of M23C6 have been determined by 
the simple linear coarsening rate using the Equation 7.1 and are shown in 
Table 7.4. 
𝑅𝑙𝑖𝑛𝑒𝑎𝑟 =
𝐷2−𝐷1
𝑡
                            Equation 7.1 
where D2 is the average particle diameter after 2000 hours ageing, D1 is the 
average particle diameter after 50 hours ageing, and t is the difference in 
ageing time. 
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Figure 7.6 Ion beam induced SE images showing M23C6 particles in VA samples isothermally aged at 650oC for (a) 50 h, (b) 200 h, (c) 500 h, 
(d) 1000 h, and (e) 2000 h; and same ageing condition for re-heat treated BM A at 650oC for (f) 50 h, (g) 200 h, (h) 500 h, (i) 1000 h, and (j) 
2000 h. 
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Figure 7.7 Ion beam induced SE images showing M23C6 particles in VC samples isothermally aged at 650oC for (a) 50 h, (b) 200 h, (c) 500 h, 
(d) 1000 h, and (e) 2000 h; and same ageing condition for re-heat treated BM C at 650oC for (f) 50 h, (g) 200 h, (h) 500 h, (i) 1000 h, and (j) 
2000 h. 
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Table 7.3 Average sizes of M23C6 particles in BM A and BM C virgin and re-heat treated 
conditions after isothermal ageing for 50 (A1), 200 (A2), 500 (A3), 1000 (A4) and 2000 
(A5) hours.  
Sample 
Average size 
(µm) 
Sample 
Average size 
(µm) 
Virgin BM A 1 0.181 Re-heat treated BM A 1 0.209 
Virgin BM A 2 0.187 Re-heat treated BM A 2 0.212 
Virgin BM A 3 0.192 Re-heat treated BM A 3 0.224 
Virgin BM A 4 0.197 Re-heat treated BM A 4 0.232 
Virgin BM A 5 0.228 Re-heat treated BM A 5 0.240 
Virgin BM C 1 0.173 Re-heat treated BM C 1 0.203 
Virgin BM C 2 0.189 Re-heat treated BM C 2 0.213 
Virgin BM C 3 0.201 Re-heat treated BM C 3 0.222 
Virgin BM C 4 0.209 Re-heat treated BM C 4 0.231 
Virgin BM C 5 0.216 Re-heat treated BM C 5 0.235 
 
Table 7.4 Calculated linear coarsening rates of M23C6 particle in BM A and BM C virgin 
and re-heat treated conditions after isothermal ageing for 50, 200, 500, 1000 and 2000 
hours. 
Sample 
Diameter of M23C6 
after 50 hours 
ageing (nm) 
Diameter of M23C6 
after 2000 hours 
ageing (nm) 
Calculated 
coarsening rate 
Rlinear (nm/h) 
Virgin BM 
A 181 228 0.024 
Re-heat 
treated BM 
A 
209 240 0.016 
Virgin BM 
C 173 216 0.022 
Re-heat 
treated BM 
C 
203 235 0.016 
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Figure 7.8 M23C6 particle size distribution curves comparing (a) VA aged at 650oC for 50 
hours and 2000 hours, (b) re-heat treated BM A aged at 650oC for 50 hours and 2000 
hours, (c) VC aged at 650oC for 50 hours and 2000 hours, and (d) re-heat treated BM C 
aged at 650oC for 50 hours and 2000 hours.  
 
7.6 Discussion 
It can be observed from the experimental results that BN particles are fully 
dissolved at 1125oC and remain present at 1100oC in the three base metals. 
Therefore it can be concluded that the critical dissolution temperature of BN in 
G92 is within the temperature range from 1100oC to 1125oC. The dissolution 
temperature in this range is lower than those are suggested in the literature, 
1200oC to 1250oC (Sakura, Okada and Abe, 2005) and 1175oC to 1200oC (Li 
et al., 2013) for 9Cr-3W-3Co-V-Nb type high Cr ferritic steels. The different 
BN dissolution temperatures between G92 and 9Cr-3W-3Co-V-Nb steels 
could be due to the different alloying elements and their concentrations. 
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However, the effects of alloying elements on the BN decomposition and the 
subsequent diffusion of boron and nitrogen were not investigated in this study. 
According to Busby, Warga and Wells (1953), the diffusion coefficient of 
boron in the austenite region in a carbon boron steel is 1.1×10-10 m2/s at 
1200oC, which is close to the diffusion coefficient of carbon, 1.4×10-10 m2/s at 
the same temperature. Therefore, boron can be regarded as an interstitial 
element which diffuses quickly during the re-austenitising, and the 2-hour 
process for the small samples used in the dilatometer should be long enough 
to allow the boron atoms diffuse homogeneously in the matrix after the 
decomposition of BN.  
It is interesting to compare Figure 6.25 and Figure 7.5 which show a 
significant difference in the precipitation behaviours of MX particles between 
the samples in their original condition and re-heat treated condition. In the 
original condition, the precipitation of MX particles in the three base metals 
was found to possess different chemical distributions. Both NbC and VN type 
MX particles were detected in BM A with a near even distribution between the 
two types. However, in BM B, much less VN was observed but NbC 
dominated. In BM C, much less NbC was observed but VN dominated. The 
difference in the MX chemical distributions in the original condition of the three 
base metals can be explained by their different thermal history and chemical 
compositions of the bulk materials. However, after re-heat treatment the MX 
chemical distributions of the three base metals all became the VN-dominant 
type. It is expected that all BN particles were dissolved during the 
reaustenitising treatment and that the nitrogen atoms from the decomposed 
BN were homogeneously diffused into the matrix during the re-austenitising 
process, hence the high amounts of VN-type MX particles detected in the 
three base metals are therefore thought to be the result of the increased 
amounts of soluble nitrogen in the matrix. It is noteworthy that although no 
Nb-rich type MX particles were detected in BM A and BM B, and the amount 
of Nb-rich type MX particles detected in BM C was very low, it does not 
necessarily mean the precipitation of Nb-rich type MX particles was inhibited 
because it is not practical to characterise the quantity of MX precipitates, and 
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therefore from the statistical point of view, the low detection probability of Nb-
rich MX particles only reflects the high percentage of VN precipitation.  
Another effect of BN dissolution on the microstructural evolution is the 
enhanced interaction of boron and M23C6 precipitates. As can be seen in 
Table 7.3, in sample VA, the average particle size of M23C6 increased from 
0.181 µm to 0.228 µm after ageing at 650oC for 50 hours to 2000 hours, whilst 
in the re-heat treated sample BM A, the average particle size increased from 
0.209 µm to 0.240 µm at the same condition; in sample VC, the average 
particle size of M23C6 increased from 0.173 µm to 0.216 µm, whilst in the re-
heat treated sample BM C, the average particle size increased from 0.203 µm 
to 0.235 µm. 
The particle size distribution graph shown in Figure 7.8 (a) (c) suggests that in 
VA & VC samples after 2000 hours of ageing, the proportions of the M23C6 
particles larger than ~0.4 µm are consistently higher than the VA & VC 
samples after 50 hours of ageing. However, it can be observed in Figure 7.8 
(b) (d), in the re-heat treated BM A and BM C, the M23C6 particle size 
distribution curves of the sample after 50 hours of ageing and the sample after 
2000 hours of ageing almost overlap with each other. According to the 
measured M23C6 particle size after each ageing duration, the calculation of 
particle coarsening rate shows a decrease from 0.024 nm/h to 0.016 nm/h in 
the BM A sample before and after re-heat treatment; and a decrease from 
0.022 nm/h to 0.016 nm/h in the BM C sample before and after re-heat 
treatment. The decrease of M23C6 particle coarsening rate in BM A and BM C 
after re-heat treatment is indicative of the effect of increased soluble boron 
atoms from the decomposed BN during re-austenisiting which are present in 
the matrix, and can locate at the interface between M23C6 particles and the 
matrix.  
The difference in the M23C6 particle coarsening rate between VA and VC is 
thought to be insignificant (0.024 compared with 0.022 nm/h). The large 
difference in the creep performance between the two base metals is not 
reflected in the M23C6 growth rate in this study, probably due to the limited 
ageing duration. However, it is evident that the prior dissolution of BN 
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particles significantly depressed the growth rate of M23C6 particles during 
isothermal ageing. In the case of the virgin condition samples, large amounts 
of boron atoms are trapped in the BN inclusions and therefore leaving less 
effective boron in the matrix to stabilise the M23C6 particles.  
It is therefore clear that the dissolution of BN particles can release free boron 
and nitrogen atoms into the matrix. The beneficial effects of increased soluble 
boron and nitrogen in the matrix include the improvement of MX precipitation 
and the stabilisation of M23C6 particles. Additionally, BN inclusions have been 
determined to be detrimental to the creep performance because they can act 
as the stress concentrators and cavity initiators, depending on what other 
inclusions are present within the microstructure. Therefore it is suggested in 
the future work to conduct parallel creep tests of original and re-heat treated 
G92 steels, in order to examine the improvement in the creep performance 
after the elimination of the potentially detrimental BN inclusions. The effect of 
any ‘pores’ remaining in the microstructure following the dissolution of BN 
particles (as shown in Figure 7.4a) will also need consideration. 
 
7.7 Summary  
The effects of BN inclusions on the initial microstructures of G92 steels were 
investigated and discussed in this chapter. The dissolution temperature of BN 
in G92 steels was evaluated by using dilatometer and the actual BN 
dissolution temperature was determined to be in the range from 1100oC to 
1125oC. A re-heat treatment experiment was designed using a furnace heat 
treatment to fully dissolve BN inclusions by re-austenisiting and then to re-
precipitate second phase particles by re-tempering. The effects of boron and 
nitrogen from the decomposed BN were investigated by characterising the MX 
chemical distributions and quantifying M23C6 particles in the virgin and re-heat 
treated base metals. It was found that the re-heat treatment can significantly 
increase the precipitation of VN-type MX particles and improve the stability of 
M23C6 precipitates during isothermal ageing. 
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CHAPTER 8 CONCLUSIONS AND FURTHER WORK 
 
The main objective of this project was to develop a detailed understanding of 
how the chemical composition and heat treatment of G92 steels affects their 
microstructures and the creep behaviour. The conclusions from the key 
results chapters 4 to 7 are summarised in Section 8.1. The possible future 
work based on the current research is proposed in Section 8.2.  
 
8.1 Conclusions 
An extensive and comprehensive microstructural characterisation on the 
Grade 92 samples was carried out to gain a full understanding of the 
microstructures of the steels studied in this work. It was demonstrated that 
BN, MnS and Al2O3 inclusion particles can act as cavity nucleation sites, and 
therefore have an important influence on the creep cavitation behaviour, and 
hence the creep performance of the steels.  
The microstructures of Grade 92 steels were initially predicted using 
thermodynamic simulations before the microstructural investigation. The initial 
microstructure of Grade 92 steels in this study has been confirmed to be a 
tempered martensitic matrix with a fine dispersion of M23C6 and MX 
precipitates plus a widely distributed set of BN, MnS and Al2O3 type inclusion 
particles. Laves phase precipitates were found to be primarily decorating the 
grain boundaries in the creep samples. Small regions of reversible ferrite were 
also observed in some samples surrounded by a martensitic lath structure. 
Detailed characterisation of these ferrite regions was carried out using various 
advanced microscopy techniques. Large amounts of relatively fine W rich, 
second phase particles were observed within the ferrite regions. The W rich 
particles were detected to have the same chemical and crystallographic 
characteristics as Laves phase. Needle-like VN particles were observed to 
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form ‘skeleton’ structures and a few NbC particles were also found within the 
ferrite regions. 
It was found that the creep cavities are associated with inclusions. The 
association was studied in detail using conventional 2D SEM analysis, and in 
3D using a FIB-SEM automated serial sectioning technique. Together this 
allowed a statistically significant number of cavities to be analysed in 2D and 
the shape and relative positions of complete cavities and any associated 
inclusions to be determined in 3D. This analysis showed that a very high 
proportion of the cavities were found to be associated with inclusions, and that 
BN was much more predominant than the other inclusions, MnS and γ-Al2O3. 
The reconstruction of 3D data collected in the serial sectioning was achieved 
which allowed examination of the cavity and associated particle morphology in 
three dimensions. Both the cavities and inclusions were therefore investigated 
in 3D and found to possess complex shapes. The results obtained in this 
study shows the strong evidence to refute the theory that creep cavity 
nucleation is triggered by the coarsening of Laves phase (Lee et al., 2006).  
Further proof was obtained by the examination of the head-gauge transition 
area, where the sample is subjected to a significantly lower stress than the 
gauge area. It was found that small cavities nucleated only on the inclusions. 
No correlation between cavities and other microstructural features such as 
M23C6, Laves phase particles and prior austenite grain boundaries was 
observed, suggesting that inclusions, and in particular BN particles, were 
associated with the cavitation behaviour of the material under the test 
conditions considered in this work. 
In terms of the study on creep rupture ductility, examination of the cavity 
distribution in the gauge lengths shows a significantly higher number of 
cavities in the low ductility sample than the high ductility one at the same 
creep testing conditions. The quantification results for the BN inclusions in the 
two samples show a similar distribution to the creep cavities, although the 
total area percentages are close to each other and within the range of BN in 
the non-creep tested virgin sample.  
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Other microstructures such as MX, M23C6, Laves phase particles, prior 
austenite grain boundaries, PAGBs, and ferrite regions were also 
characterised. No clear correlation was found between these microstructural 
features and the variation of creep rupture ductility. Additionally it is important 
to note that the analysis was carried out on the samples from the same heat, 
and therefore composition effects have been minimised. 
According to the quantitative analysis of inclusions and cavities, the ductility of 
the samples is linked to the BN particle characteristics, which in turn can be 
significantly affected by the production method of the pipe. A comparison of 
two production methods shows that more mechanical deformation can be 
induced by the multi-step pilgering process, and consequently a higher 
number and smaller size of BN inclusions was observed in the pilgering 
production route compared to the press drawing one.  
The effects of microstructural variation on the creep behaviour was 
investigated by characterising three G92 base metals A, B and C, provided by 
different suppliers. BM A and BM C, the steels with ‘worst’ and ‘best’ creep 
performance respectively, were selected for comparison due to their extreme 
creep behaviours in the tests. The key inclusion particles, BN, MnS and Al2O3, 
characterised in the previous chapters were all found in the three steels with 
different characteristics. BM A was found to be the only steel whose 
microstructures are strongly affected by the product orientation. Large 
amounts of BN / MnS / Al2O3 / reversible ferrite are clustered together which 
were observed parallel to the longitudinal direction of the pipe. This is 
believed to be the result of the vertical extrusion process. The heterogeneous 
distribution of inclusion particles in BM A leads to a more heterogeneous 
distribution of creep cavities compared to that in BM C. Minor phases such as 
Nb-rich boride particles were found near the inclusion clusters in BM A. This 
phase was also observed in BM C with very small size and low quantity. 
Needle shaped AlN particles were observed and identified by EDS in BM B 
due to it’s high Al content.  
BN was quantified in the head sections of plain bar samples of the three 
steels. The area percentage of BN in each sample was quantified and they 
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were found to be similar to each other. Although BM B has the highest 
number of BN particles, the quantification result may be affected by the 
presence of AlN particles, which also appear dark in BSD-SEM micrographs. 
BM C has twice as many BN particles and smaller particle sizes than BM A. 
Linking to the investigation of cavity / BN association in the low stress regions 
of the notched bar samples, the BN particles in BM C were observed to be 
much less associated with cavities than BM A. A possible explanation is that 
there is a critical size of BN particles such that only a particle size above the 
critical value can trigger the cavity nucleation. EBSD mapping on the unfailed 
notch regions was performed in order to investigate the failure mode. Since 
both intergranular and transgranular crack propagation were observed, no 
clear information was found to support a grain boundary embrittlement or 
grain boundary failure theory in G92 steels. 
The effects of BN inclusions on the initial microstructures of G92 steels were 
investigated and discussed. The dissolution temperature of BN in G92 steels 
was evaluated by using a dilatometer. The dissolution temperature of BN in 
the steels studied in this work was determined to fall in the range from 1100oC 
to 1125oC, lower than those in MarBN steels which have a slightly different 
chemical composition. A re-heat treatment experiment was designed to fully 
dissolve BN inclusions by re-austenisiting and the to subsequently precipitate 
second phase particles by re-tempering. The effects of boron and nitrogen 
from the decomposed BN which increased the available boron and nitrogen in 
the matrix were investigated by characterising MX chemical distributions and 
quantifying M23C6 particles in the virgin and re-heat treated base metals. It 
was found that the re-heat treatment can significantly increase the 
precipitation of VN-type MX particles and improve the stability of M23C6 
precipitates during isothermal ageing. This suggests that G92 steels have a 
great potential to further improve creep strength and supress the nucleation of 
creep cavities by releasing boron and nitrogen from BN to the matrix. It is 
suggested that modification of steel manufacturing process to dissolve BN 
and elimination of holes caused by BN dissolution could significantly enhance 
the strength and improve the creep performance of G92 steels.  
197 
 
8.2 Future Work 
The current work has highlighted several areas that might be worth further 
investigation. It would be interesting to further carry out parallel creep tests on 
a systematic set of samples before and after re-heat treatment to see how 
large an effect the BN dissolution can have on the creep performance. 
Subsequent longer isothermal ageing on those samples would also be 
desirable to evaluate the long term M23C6 particle coarsening behaviour. A 
quantified characterisation of the boron amount in the matrix in the virgin 
condition and total boron amount after full BN dissolution would be useful to 
help understand the effect of free boron atoms on the microstructural 
evolution. 
Another topic, which would be interesting, is to study is any potential effects of 
trace element such as Cu, O, Co, etc. present in these steels. Most of the 
trace elements were not designed to be alloyed in the steel in the first place, 
however, in the microstructural evolution during creep exposure, those 
elements may be equally important to other microstructures. As they are by 
definition trace elements, advanced and statistically significant detailed 
investigations would need to be carried out in order to determine accurately 
their influence on microstructural behaviour. It has been debated whether or 
not any trace elements can affect the creep cavity nucleation on inclusion 
particles. By comparing BM A and BM C it was clear that the numbers of 
creep cavities in BM A are much larger than in BM C. Further work will be 
required to determine if this is solely because of the sizes of the BN inclusion 
particles or whether there are any additional effects associated with the 
presence of trace elements. 
It would also be interesting to carry out some studies on the cavity shape 
analysis in order to understand the mechanisms of the formation of angular 
shape cavities observed in this work, because the angular shape is thought to 
be an important factor in the rapid breakdown of creep strength.  
This work has implications for the microstructure of steels going in service in 
respect of their BN content, and it has been shown that if cavities form, they 
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can be associated with BN particles. It has also been shown that if BN 
particles are present, they can reduce the beneficial effects of both soluble 
boron and nitrogen through inhibiting the coarsening of the M23C6 particles 
and the formation of larger numbers of VN creep resisting precipitates 
respectively. 
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